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Polymer crystallization and micromechanical behavior of fiber-reinforced polymer 
composites - A microstructural view on advanced polymer composites 
 
Abstract 
The final properties of a polymer composite are determined by its internal structure, which is 
formed during processing of the product. Therefore, phenomenon of crystallization plays a 
significant role in the development of the morphology of semicrystalline polymers such as 
isotactic polypropylene (iPP). The amount of strain experienced during the flow influences the 
number and the type of the nuclei formed and thereby the final crystalline structure. Therefore, 
the kinetics and topology of spherulite growth during crystallization of iPP has been studied by 
using a 3D cellular automaton model. The new automaton approach also predicted the intricate 
spherulite topologies and the kinetic details.  
The presence of fibers and other additives in semicrystalline polymer matrices like iPP reduces 
the free energy barrier for nucleation which can increase the local or overall rate of nucleation. 
Such influences can induce transcrystallinity and results in the formation of a heterogeneous 
microstructure at different length scales. These microstructural inhomogeneities can induce 
anisotropic strain distribution under external loads especially at the interface/interphase regions 
between the fibers and the polymer matrix. Strain-field analysis via digital image correlation 
(DIC), which is also referred to as photogrammetry, was applied in the present study to map 
lateral surface microstrain distributions at different length scales. DIC provided a direct and 
strong experimental support to the heterogeneous behaviors of reinforced polymer composites 
therefore the application of high-resolution DIC technique in this research is unique and valuable. 
However, it is still underutilized to investigate the micromechanical behavior of complex 
polymer composites especially at higher optical resolution. Therefore, in this work scanning 
electron microscopy (SEM) in-situ experimentation in conjunction with a micro-tensile testing 
machine was conducted to overcome the resolution limits of the conventional light optical setup. 
This novel combination proved to be very useful in resolving the microstrain distribution 
behavior in non-conductive materials such as polymer composites at submicron level.  
The formation of heterogeneous strain patterns revealed the anisotropic micromechanical 
behavior which necessitated to thoroughly examine the localized micromechanical properties. 
Such microscale changes were more important for one of the investigated material in this study
Abstract 
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 i.e. polyether(ether)ketone (PEEK) reinforced with short carbon fibers (CF) which is 
commercially used as a medical implant (bone implant). Sterilization is a mandatory process for 
the materials used as bone-implants. A combination of nanoindentation and nanoscratch tests 
were performed to characterize the local micromechanical properties of the material emphasizing 
the influence of the sterilization processes on the interphase region. The results reveal that the 
bulk polymer is largely unaffected in terms of the measured parameters by sterilization and only a 
slight modification in the properties of the PEEK matrix occurs at the interphase. This applies in 
particular for the steam sterilization process. Scanning electron microscopy (SEM) was used to 
examine fracture surfaces, which revealed multiple localized failure mechanisms attributed to the 
different fiber orientations. 
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Polymerkristallisation und mikromechanisches Verhalten von faserverstärkten 
Polymeren – mikrostrukturelle Betrachtung hochentwickelter 
Faserverbundwerkstoffe 
 
Zusammenfassung 
Die endgültigen Eigenschaften eines Faserverbundwerkstoffs werden von seiner während des 
Herstellungsprozesses entstandenen inneren Struktur bestimmt. Aus diesem Grund spielt das 
Phänomen der Kristallisation eine entscheidende Rolle bei der Entstehung der Morphologie von 
semikristallinen Polymeren wie isotaktischem Polypropylen (iPP). Die durch den Materialfluss 
induzierten Spannungen beeinflussen die Anzahl und Art der entstehenden Kristallkeime und 
damit die endgültige Kristallstruktur. Deshalb wurde die Kinetik und Topologie des 
Spherulitenwachstums während der Kristallisation von iPP anhand eines 3D zellulären 
Automaten untersucht. Der Hauptvorteil, den zelluläre Automaten gegenüber den üblicherweise 
in diesem Feld angewandten Avrami-Annäherungen bieten, ist der höhere Detailreichtum. So war 
es mit dem neuen zellulären Automaten möglich, die Heterogenität von inneren und äußeren 
Grenzflächen sowie der Anfangsbedingungen zu simulieren, was mit Avrami Modellen aufgrund 
ihrer statistischen Natur nicht möglich ist. Der neue Automaten-Ansatz war außerdem in der 
Lage, komplexe Spherulit-Topologien und kinetische Details vorherzusagen. 
Das Vorhandensein von Fasern und anderen Additiven in semikristallinen Polymermatrices wie 
iPP reduziert die freie Energie-Schwelle für die Nukleation, was zu einer Erhöhung sowohl der 
lokalen als auch der Gesamtrate der Nukleation führt. Solche Einflüsse können Transkristallinität 
induzieren und führen zur Bildung einer heterogenen Mikrostruktur auf verschiedenen 
Größenskalen. Solche mikrostruktruellen Inhomogenitäten können besonders in den 
Grenzflächen bzw. Interphasenregionen zwischen den Fasern und der Polymermatrix zu 
anisotropischer Spannungsverteilung unter Belastung von außen führen. Für die vorliegende 
Arbeit wurden die lateralen, an den Probenoberflächen auftretenden Mikrodehnungen mittels 
Dehnungsfeldanalyse mit 3D Verformungsanalyse, auch bekannt als Photogrammetrie, auf 
unterschiedlichen Größenskalen untersucht und graphisch dargestellt. Dies ermöglichte es, die 
während einer Serie von Verformungsschritten generierten mechanischen Heterogenitäten zu 
untersuchen und eine detaillierte Studie der komplexen mikromechanischen Aspekte, die mit der 
lateralen Dehnungsverteilung in heterogenen Materialien verbunden sind, durchzuführen. Da
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hochauflösende digitale Verformungsanalyse einen direkten und genauen experimentellen 
Zugang zum heterogenen Verhalten von verstärkten Polymerverbundwerkstoffen erlaubt, ist ihre 
Anwendung in diesem Forschungsprojekt einzigartig und wertvoll. Bisher wurde das volle 
Potential dieser Methode vor allem bei der Untersuchung des mikromechanischen Verhaltens von 
komplexen Polymerverbundwerkstoffen bei hohen optischen Auflösungen nicht ausgeschöpft. 
Um das Problem eingeschränkter Auflösung bei konventionellen lichtmikroskopischen 
Versuchsaufbauten zu überwinden, wurden in dieser Arbeit in-situ Experimente unter 
Verwendung einer Miniaturzugprüfmaschine in einem Rasterelektronenmikroskop (REM) 
durchgeführt. Diese neuartige Kombination erwies sich als sehr geeignet, um die Verteilung und 
das Verhalten von Mikrospannungen in nichtleitenden Materialien wie den untersuchten 
Polymerverbundwerkstoffen auf der Submikrometer-Ebene aufzulösen. 
Die Bildung von heterogenen Dehnungsfeldern zeigte, dass das mechanische Verhalten anisotrop 
ist, was eine eingehende Untersuchung der lokalen mikromechanischen Eigenschaften notwendig 
machte. Solche Veränderungen auf der Mikroebene erwiesen sich besonders für eines der 
untersuchten Materialien als von großer Wichtigkeit: das mit kurzen Kohlefasern (CF) verstärkte 
polyether(ether)ketone (PEEK), welches kommerziell für medizinische Implantate, vor allem als 
Material für Knochenprothesen eingesetzt wird. Für Materialien, die als Knochenimplantate 
genutzt werden, ist Sterilisation ein unverzichtbarer Prozess. Für diese Untersuchungen wurde 
Dampf- und Gammastrahlensterilisation in einem Ausmaß angewendet, welches ausreicht, die 
mikromechanischen Eigenschaften einiger Polymerwerkstoffe zu beeinflussen, speziell in der 
Interphasenregion. Das von der angewandten Dehnung verursachte heterogene Fließverhalten 
erforderte eine Untersuchung der mikromechanischen Eigenschaften von Regionen mit starken 
lokalisierten Dehnungen. Diese wurden hauptsächlich in den Grenzflächen und 
Interphasenregionen zwischen verstärkten Kohlefasern und der PEEK-Polymermatrix vermutet. 
Um die lokalen mikromechanischen Eigenschaften des Materials insbesondere in Hinsicht auf 
mögliche Einflüsse der Sterilisationsprozesse auf die Interphasenregion zu untersuchen, wurden 
Nanoindentierung und nanoscratch-Tests durchgeführt. Die nanoscratch-Tests offenbarten dabei 
mehr Details über die physikalischen und mikromechanischen Veränderungen in den 
Interphasenregionen, da bei dieser Methode ein kontinuierlicher Kontakt mit der Oberfläche der 
Probe gegeben ist. Die Daten zeigen, dass das Polymer in seiner Gesamtheit bezüglich der 
untersuchten Parameter durch die Sterilisation größtenteils unbeeinflusst bleibt und nur eine 
leichte Veränderung der Eigenschaften der PEEK Matrix in der Interphase auftritt. Dies ist 
Zusammenfassung 
 
 
 5
besonders für den Dampfsterilisationsprozess zutreffend. Untersuchungen der Bruchflächen 
mittels Rasterelektronenmikroskopie zeigten, dass es verschiedene Mechanismen gibt, die zum 
lokalen Versagen führen. Sie hängen mit den verschiedenen Faserorientierungen im Material 
zusammen. 
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1. Introduction and outline of the thesis  
 
 
1.1. Introduction 
In a large variety of commercial sectors like modern civil infrastructure, automotive, aerospace 
and offshore industries as well as in biomaterial applications there is an ever increasing demand 
for new high performance materials with lower weight, higher strength and stiffness and better 
reliability. This has led to extensive research in the field of polymer composite material 
development. The outstanding properties of many polymer composites like their low specific 
weight, the strength-to-weight ratio and modulus-to-weight ratio as well as the fact that they are 
economical to produce, easily processed and fabricated with high dimensional stability make 
them competitive to established metallic structural materials. Consequently, polymer composites 
can be found in a constantly increasing number of applications where they have to perform 
different roles. Along with the increased number of applications comes the necessity to 
understand their static and dynamic mechanical behavior at all length scales and especially at the 
microscopic level. 
The micromechanical properties like dimensional accuracy, dimensional stability, thermal 
conductivity, modulus and strength of all polymer materials are determined by their 
microstructure generated during their processing. In semicrystalline polymers, like the ones used 
for this study, the formation of the final microstructure during processing and the solidification 
process is governed by the crystallization phenomenon. By definition crystallization is a process 
in which the molten polymer is cooled below its melting temperature such that the crystalline 
order begins to reestablish. Crystallization occurs essentially in two stages, nucleation and crystal 
growth. The presence of fibers and other additives in polymer composites can reduce the free 
energy barrier for nucleation which can increase the local or overall rate of nucleation. Such 
influences can induce transcrystallinity and results in the formation of a heterogeneous 
microstructure at different length scales (Chapter 2, Section 2.2). Such microstructural 
inhomogeneities can induce anisotropic strain distribution under external loads especially at the 
interface/interphase regions between the fibers and the polymer matrix. 
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This microstructural development is the main reason for the great interest (scientific as well as 
economic) in understanding flow-induced crystallization, during which the microstructure of 
polymer products is formed according to the thermo-mechanical history of the polymer melt. 
Flow-induced crystallization is only observed if sufficient order is present in the molecular 
structure, nucleation and growth rate are sufficiently high resulting in semi-crystalline products. 
This is observed for isotactic and syndiotactic polypropylene and polyethylene. Injection molded 
products of these materials typically have a sharp transition between a region of homogeneous, 
isotropic crystals and a region of inhomogeneous, anisotropic crystals. In the homogeneous 
region, spherulite crystals are present whereas in the anisotropic region long crystals are present, 
referred to as the shishkebab structure (Chapter 2, Section 2.1). Due to the low impact stress and 
the residual stresses (associated with dimensional instability of the final product) in the 
anisotropic region, product properties can be negatively influenced by flow induced 
crystallization.  
The macroscopic behavior of polymer composites depends not only on the properties of their 
individual constituents but also on the elastic-plastic interaction between the different phases 
(fiber, matrix) and on the interface properties. Such a complex micromechanical behavior usually 
initiates heterogeneous plastic flow patterns upon deformation and the lateral distribution of the 
accumulated residual deformation is as rule not homogenous but inhomogeneous entailing strain 
localization. This may lead to the nucleation of failure of the fibers, of the matrix material, or to 
debonding effects at the interfaces between the matrix and the fibers preceding the actual failure 
event. Therefore, the microscopic mechanical behavior, in particular the investigation of the local 
distribution and arrangement of the plastic micro-strains in fiber reinforced composite materials, 
is essential for a better understanding of these multiphase materials. A thorough knowledge of the 
micromechanics of these materials under load will not only make them more useful but will also 
contribute to an improvement in safety and designing of engineering components.  
 
1.2. Outline of the thesis  
The final properties of a polymer composite are determined by its internal structure, which is 
formed during processing of the product (Chapter 2). Therefore, phenomenon of crystallization 
plays a significant role in the development of the morphology of semicrystalline polymers such 
as isotactic polypropylene (iPP). The amount of strain experienced during the flow influences the 
1. Introduction and outline of the thesis 
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number and the type of the nuclei formed and thereby the final crystalline structure. Therefore, 
the kinetics and topology of spherulite growth during crystallization of iPP has been studied by 
using a 3D cellular automaton model (Chapter 4). The main advantage of using the 3D cellular 
automaton approach is that it offers more details than Avrami-type approximations, which are 
typically used in this field. In particular, the new cellular automaton method tackled the 
heterogeneity of internal and external boundaries and starting conditions which was not possible 
for Avrami-models because they are statistical in nature. The new automaton approach also 
predicted the intricate spherulite topologies and the kinetic details.  
Strain-field analysis via digital image correlation (DIC), which is also referred to as 
photogrammetry, was applied in the present study to map lateral surface microstrain distributions 
at different length scales (Chapter 5, Section 5.1 and Section 5.2). This allowed inspecting the 
mechanical heterogeneities generated during a sequence of deformation steps and to conduct a 
detailed investigation of complex micromechanical aspects that are associated with the lateral 
distribution of the strain in heterogeneous materials. This technique of surface strain mapping has 
been successfully employed in resolving the deformation inhomogeneities in isotropic as well as 
anisotropic materials. DIC provides a direct and strong experimental support to the heterogeneous 
behaviors of reinforced polymer composites therefore the application of high resolution DIC 
technique in this research is unique and valuable. However, it is still underutilized to investigate 
the micromechanical behavior of complex polymer composites especially at higher optical 
resolution. Therefore, in this work scanning electron microscopy (SEM) in-situ experimentation 
in conjunction with a micro-tensile testing machine was conducted to overcome the resolution 
limits of the conventional light optical setup. This novel combination proved to be very useful in 
resolving the microstrain distribution behavior in non-conductive materials such as polymer 
composites at submicron level.  
The formation of heterogeneous strain patterns revealed the anisotropic micromechanical 
behavior which necessitated to thoroughly examine the localized micromechanical properties 
(Chapter 5, Section 5.3 and Section 5.4). Such microscale changes were more important for one 
of the investigated material in this study i.e. polyether(ether)ketone (PEEK) reinforced with short 
carbon fibers (CF) which is commercially used as a medical implant (bone implant). Sterilization 
is a mandatory process for the materials used as bone-implants. The steam and gamma radiation 
sterilization processes employed in this study are at sufficient levels to affect the 
micromechanical properties of some polymer materials, particularly in the interphase region. 
1. Introduction and outline of the thesis 
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Thus, the formation of heterogeneous flow patterns of the applied strain (Chapter 5, Section 5.4) 
necessitated to investigate the micromechanical properties of such highly strain-localized regions. 
These were mainly assumed as interface and interphase region between the reinforced CF and the 
PEEK polymer matrix. A combination of nanoindentation and nanoscratch tests were performed 
to characterize the local micromechanical properties of the material emphasizing the influence of 
the sterilization processes on the interphase region (Chapter 6). Scanning electron microscopy 
(SEM) was used to examine fracture surfaces in order to identify the possible failure mechanisms 
(Chapter 7). The general conclusions and recommendations for future work are summarized in 
Chapter 8. 
The primary objectives of this thesis are to increase the understanding of the formation of 
polymer microstructure under different flow-conditions and to study the influences of 
reinforcements with other additives, which can alter the final microstructure, and thereby the 
micromechanical behavior of these materials at various length scales. The brief summary is: 
• to study the kinetics and topology of spherulite growth during crystallization of isotactic 
polypropylene (iPP) by using a 3D cellular automaton model (Chapter 4). The simulations 
were conducted for quiescent and for weakly sheared melts.  
• to investigate the qualitative and the quantitative accumulation of surface microstrain 
during tensile deformation of the polymer composites by using DIC (Chapter 5) at 
different length scales. The accumulated strain patterns were correlated with the 
underlying microstructure of the investigated material. The influence of various factors 
(such as fiber orientation, additives and environmental exposure in terms of sterilization 
processes) influencing the distribution of applied tensile deformation for the different 
materials in terms of the lateral microstrain accumulation has been investigated.  
• to investigate the influence of the sterilization processes on the micromechanical 
properties of the carbon reinforced PEEK for bone-implant applications using 
nanoindentation (Chapter 6). 
• to identify the local failure mechanisms by studying the surface features of the fracture 
surfaces using SEM ( Chapter 7). 
Commercially produced composite materials were selected for the present study with the aim to 
obtain better insight into their in-situ structural integrity. The selected materials were a 
thermosetting epoxy resin reinforced with 35 wt% short borosilicate glass, a thermoplastic PEEK 
1. Introduction and outline of the thesis 
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matrix reinforced with 30 wt% carbon fibers, an iPP matrix reinforced with different contents of 
natural wood fibers and additives.  
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2. Microstructural aspects in polymers and polymer composites 
 
 
2.1. Morphology development in semicrystalline polymers 
(i) Polymer crystallization 
The crystallization behavior of polymers is determined by their ability to form ordered structures; 
the configuration determines the conformations, which is influenced by the processing 
conditions. Crystallization under quiescent conditions is a phase transformation process, which is 
caused by a change in the thermodynamic state of the system. This change can be a lowering of 
the temperature or a change in the hydrostatic pressure. Thermodynamically, chain extension will 
increase the opportunity of crystal formation by increasing the melting point, while kinetically 
the extended chain is closer to crystal state than a random chain. By stretching polymer chains, 
the rate of crystallization increases.  
Depending on the conformation of the polymer chain, two types of crystals can be formed; the 
random polymer chain will lead to lamellar, chain folded crystals, while the fully extended chain 
will lead to shish-kebab structures [1]. It has been shown, e.g. by Bashir [2] and Mackley [3] that 
the high-end tail of the molecular weight distribution promotes the formation of extended 
crystals. Following Bashir [2], these high-end tail molecules are stretched out while the rest 
remains practically unchanged; a stronger elongational rate results in a broader part of the 
molecular weight distribution to be extended. The elongation rate, therefore, determines the 
amount of oriented molecules (extended chain crystals).  
These extended chain crystals themselves are inadequate to influence the material properties, 
given their limited number. However, they serve as nuclei for lamellar crystallization of the 
unoriented lower molecular bulk, which will show lamellar overgrowth at the later stage 
perpendicular to the central core [2]. The structure formed is called shish kebab. It has been 
shown by Petermann [4] that the number of core crystals, nucleated at a specific temperature, 
depends on the external strain. The core itself consists of a shish-kebab structure on a finer scale 
[2]. A certain strain and strain rate have to be present for shear flow to induce crystallization. 
After a nucleus has been formed, continuous crystallization of polymers is kinetically controlled; 
the motion involved refers to the transport the molecules from the disordered liquid phase to the
2. Microstructural aspects in polymers and polymer composites 
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 ordered solid phase, and to the rotation and rearrangement of the molecules at the surfaces of the 
crystals, similar to quiescent crystallization. The crystallization process can thus be subdivided 
into three stages: 
 
(a) Nucleation: Nucleation can have different causes like overall nucleation from a nucleation 
agent, pressure induced nucleation, and strain induced nucleation and cooling. The nuclei formed 
act as a starting point of crystallization. There is no complete agreement on the physical ground 
of the nucleation process. For example, Terrill et al. [5] considered, based on experimental 
evidence (Wide angle X-ray diffraction- WAXD and Small angle X-ray diffraction -SAXS), the 
nucleation event during spinning of iso-tactic polypropylene (iPP) to be the result of density 
fluctuations, although a repetition of an old discussion on the true interpretation of combined 
WAXD and SAXS data question these results. Even without considering the basic underlying 
physics precisely, in case of flow, nuclei can be created by flow-Induced ordering phenomena in 
the melt, while the nucleation process for a quiescent melt can be described by a Poisson point 
process [6] because it is the simple point process presupposing the least information generated 
with the aid of uniformly distributed numbers. For polymers containing nucleation agents, also 
clustered point processes have some importance. 
 
(b) Growth: The nuclei grow, dependent on the thermo-mechanical history which they 
experience, if the nuclei are sufficiently strained they will grow into threads, otherwise they stay 
spherical and will further grow radially and called as spherulites. The lamellae are present like 
twisted spokes in a sphere, while thread-like nuclei grow mainly perpendicular to the thread. 
 
(c) Perfection: Perfectioning is the process of improvement of the interior crystalline structure of 
the crystalline regions. This is also referred to as secondary crystallization. 
 
(ii) Crystallization under quiescent condition 
Crystallization of long-chain flexible molecules of sufficient structural regularity is widely 
observed under quiescent conditions. While it has been long established that similar to low 
molecular weight compounds, polymers can exhibit considerable long range order in the 
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crystalline regions, the exact nature and morphological form of these crystalline regions 
(specifically at the molecular level) has been a matter of considerable debate [8]. 
 
 
Figure 2.1. A schematic illustration of the concept of crystallization [7-8]. 
 
In this regard it is important to classify the quiescent polymer crystallization into two general 
types, (1) Crystallization from dilute solutions and (2) Crystallization from the melt. 
Crystallization from dilute solutions often provides a more fundamental avenue for structural 
analysis of polymer crystals as these entities can be isolated and precisely studied. Crystallization 
from the melt is often closer to pragmatic use of the polymer of interest though it adds an 
additional degree of difficulty to the fundamental structural studies. The nucleation, growth and 
kinetics of development of these crystalline regions are both of profound fundamental and 
practical interest.  
These characteristics are however directly linked to the understanding of the morphological detail 
of these crystalline regions. On this account, there have been various models proposed over the 
five decades- each involving considerable amount of controversy and debate, much of that debate 
2. Microstructural aspects in polymers and polymer composites 
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persisting even to date. These models are elucidated below, some of which will be elaborated in 
more detail in the ensuing discussion.  
The types of morphology can, however, be first classified into two broad classes [9]: (1) the 
fringed micelle model and (2) the lamellar type of morphology. The models of lamellar 
morphology themselves differ on the basis of the nature of fold surface, type of reentry of the 
chains and on the account of presence of an intermediate region for the chain traveling from the 
crystal to the amorphous phase. 
 
(a) The fringe micelle model 
Hermann et al. [10] first conceived this model in 1930 to explain the structure of gelatin, while 
the model was later more fully expanded by Flory [11-13]. The fringed micelle model is based on 
the idea that parts of the polymer segments either in the solution or in the melt align themselves 
together to form bundled crystalline regions (Fig. 2.2). These bundles can then grow in the 
direction of the chain axis by reeling in adjoining chain segments (of the chains already part of 
the crystal) into the crystalline region. Lateral growth of the crystalline regions can also take 
place by accretion of chain segments from other molecules. The growth of these structures 
however is impeded by the presence of entanglements and stained regions, which then constitute 
the amorphous phase. The fringes are the regions of the chains traveling from crystalline region 
to the surrounding amorphous region. The crystalline regions then serve as physical crosslinks. 
Some of the first blows to this model of crystallization occurred after collecting evidence of large 
crystalline superstructures present in such materials, called ‘spherulites’. Such a model could not 
readily explain the growth of such generally spherically symmetrical structures [14].  
Also, the birefringence measurements on these spherulites by light microscopy suggested that, for 
most systems, the polymer chains were more or less tangential in this spherical structure. 
Although several models were put forward to explain the spherulitic behavior based on this 
concept [15], they were subsequently abundant in favor of folded chain lamellar models. 
While the fringed model has now long been believed to be inaccurate for describing the common 
quiescent crystallization behavior, its modifications can still be utilized to explain several 
phenomena occurring in the crystallization of polymers. This model has also been widely 
proclaimed to be correct for certain polymers that crystallize during rapid cooling/quenching 
from the melt, and where the individual spherulitic detail is not discernible from microscopy [9]. 
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The use of such a model for describing crystallization of an amorphous polymer just above the Tg 
has been advocated on the grounds of low thermal energy available to chains at such 
temperatures [14]. At the temperatures significantly higher then a Tg, these structures will not be 
stable and will give way to lower energy lamellar form. Additionally the model is utilized to 
explain the behavior of highly oriented samples like drawn fibers. 
 
 
Figure 2.2. Fringed micelle model (a) Model of crystallization as might be visualized in a thermo 
reversible gel Keller et al. [9] (b) Hermann et al. [10] model for a semi crystalline polymer. Similar 
schematics illustrate the general molecular picture in fringed micellar crystallization. 
 
(b) Lamellar models  
It is a well established and proven fact that a lamellar crystal is the fundamental structural form 
by which polymers most generally crystallize, a feature true for the vast majority of crystalline 
polymers crystallized from the bulk (that is from solution or from melt). The first report giving 
evidence of lamellar structures was by Storks [16] in 1938. He reported electron diffraction 
results on cast films of gutta-percha and concluded that the films contained microscopic crystals 
with the molecular axis less than 4° from normal to the plane of the film. He observed that while 
the electron diffraction results gave only reflections, the total length of the chains was much 
greater than the thickness of the films- a recognition that led him to first propose a chain folded 
structure to explain the crystallization in such systems.  
Schlesinger and Leeper [17] conducted similar experiments in 1953 on gutta-percha but this time 
using light microscopy and refractive index measurements. While both these studies were largely 
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ignored, Jaccodine’s report [18] of single crystals of polyethylene in 1955 gained attention of 
several researchers who expanded on his work. In 1957, Till [19], and Keller [20] independently 
reported on the growth and identification of single crystals of polyethylene.  
Since these studies, lamellar crystal habit has been shown to be the dominant structural mode of 
crystallization for a large number of polymers. The various models proposed for the nature of 
these structures are: (i) Random reentry or “Switchboard” folded model and (ii) Adjacent reentry 
chain-folded models (regular folding).  
 
 
Figure 2.3. (A) Schematic of a Switchboard model, showing the surface of a lamella, interlamellar region 
and tie chains between the lamella [21]. (B) Originally proposed model for melt crystallization in 
polymers [11]. 
 
On a larger scale - of the order of microns - semi-crystalline material can exhibit additional order, 
most commonly in the form of spherulites ordered aggregates of crystalline and amorphous 
material. The spherulitic morphology is the most common form of polymeric crystalline structure 
when crystallization takes place in quiescent, i.e. unoriented, conditions. It appears not only in 
crystallization from the melt but also from solution. Usually the spherulite develops from a sheaf-
like polymer bundle, which, by growth and space-filling branching, eventually forms a spherical 
shape exhibiting. a dark Maltese cross when viewed between crossed-polars in an optical 
microscope.  
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(iii) Crystallization under flow-induced conditions 
Eder et al. [22] described the flow-induced structures and based their theory on the shear rate as 
the driving force for crystallization. Their model for flow-induced crystallization resembles their 
model for quiescent crystallization. It is assumed that the influence of the deformation on 
crystallization, is due to the formation of thread-like nuclei (shish), on which lamellae grow 
mainly perpendicular (kebabs). Then this model was used [23] in analyzing the structure 
distribution found in isotactic polypropylene, after fast short term shear at low degrees of super-
cooling. Besides a flow-induced (shish-kebab) structure at the surface and a spherulitical 
structure in the center, in between both layers a fine grained layer has been reported. It has been 
suggested that this layer consists of thread-like structures perpendicular to the flow direction. A 
molecular conformation based model [23-25] included a conformation tensor as the driving force, 
calculated using a viscoelastic model, an orientation tensor and the degree of crystallinity. Other 
models include, the one proposed by Ito [26], based on the strain present in the melt, and by 
Verhoyen [27], based on the Cauchy stress. The models given by Isayev [28] and Guo [29] an 
iso-kinetic approach is used based on the Nakamura equations Nakamura [30]. 
 
2.2. Microstructural aspects in polymer composites 
The macroscopic behavior of thermoplastic composites depends not only on the properties of 
their individual constituents but also on the elastic-plastic interaction between the different 
phases. When complex composite materials, with heterogeneous fiber orientation and length 
distributions, are subjected to external mechanical loads, the lateral distribution of the 
accumulated residual deformation is also heterogeneous, entailing strain localization effects. 
Such localization phenomena may lead to crack initiation by fiber breakage, micro-void 
formation and its subsequent coalescence in the matrix material or by debonding of the interfaces 
between the matrix and the fibers preceding the failure. The resistance of the interphase to 
transverse crack propagation is important in preventing surrounding fibers from experiencing the 
effects of the stress concentration that could ultimately lead to additional fiber failure. 
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(i) Polymer composite 
A material made by dispersing reinforcement (fibers/particulate) in an appropriate polymer 
matrix in order to enhance specific performance is referred to as a polymer composite [31]. Such 
material consists of two or more phases on a microscopic scale, whose performance and 
properties are designed to be superior to those of the constituent materials acting independently. 
One of the phases is usually discontinuous, stiffer, stronger and is called reinforcement, whereas 
the less stiff and weaker phase is continuous, and is called matrix. The constituents do not 
dissolve or merge completely but retain their identities as they act in concert. Composites can be 
classified as particulate, short and long fiber reinforced, and sandwiched [32]. Further, these 
multiphase composite materials are classified into three broad categories depending on the type, 
geometry, and orientation of the reinforcement phase [33-36] as illustrated in the Fig. 2.4. 
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Particulate
filler
Discontinuous
fibers or whiskers
Continuous
fibers
Particulate
composite
Unidirectional
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Unidirectional
continuous
fiber composites
Randomly oriented
discontinuous
fiber composite
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continuous
fiber composite
Multidirectional 
continuous
fiber composite
Quasi-isotropic
composite
 
Figure 2.4. Classification of composite systems [37]. 
 
(ii) Matrices 
There are four types of matrices used in composites: polymeric, metallic, ceramic, and carbon. 
The most commonly used ones are polymeric, which can be thermosetting or thermoplastic 
resins. A thermoseting resin requires addition of a curing agent or hardener and impregnation 
onto a reinforcing material, followed by a curing step to produce a cured or finished part. 
Thermoseting resins cure into an irreversible state because the molecular structure gets cross-
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linked. Examples of thermoseting resins used in the production of composites are unsaturated 
polyester, vinyl ester, epoxy, urethane and phenolic. Thermoplastic resin has a linear molecular 
structure that will repeatedly soften when heated to its melting temperature and harden when 
cooled. Examples of thermoplastic resins for composites are polypropylene, polyethylene, 
polystyrene, acrylonitrile-butadiene-styrene (ABS), nylon, polycarbonate, thermoplastic 
polyester, polyphenylene oxide (PPO), polysulfone (PS) and polyether(ether)ketone (PEEK). 
Composites are also classified according to their matrix phase. There are polymer matrix 
composites (PMC), ceramic matrix composites (CMC), and metal matrix composites (MMC). 
Materials within these categories are often called advanced if they combine the properties of high 
strength and high stiffness, low weight, corrosion resistance, and in some cases special electrical 
properties. This combination of properties makes advanced composites very attractive for aircraft 
and aerospace structural parts [38]. Buereau and Denault [39] showed that matrix type affects the 
behavior of glass fiber/polypropylene composites. They found that a composite with a 
thermoplastic matrix has two stage of fatigue damage and three with a thermoset matrix. They 
characterized the fatigue behavior by the spherulitic regions formed within the composite. Impact 
studies on discontinuous glass fibers with polypropylene matrix have suggested that a 
thermoplastic matrix gives a tougher composite than a conventional thermoset epoxy matrix [40-
41]. 
 
(iii) Fiber reinforcement 
A large variety of fibers is available as reinforcement for composites. Each type of fiber has its 
own advantages and disadvantages but desirable characteristics of most reinforcing fibers are 
high strength, high stiffness, and relatively low density. The selection of reinforcement material 
is based on the properties desired in the finished product. These materials do not react with the 
resin but are an integral part of the composite. There are three basic types of fiber reinforcement 
materials: aramid, carbon/graphite and glass. Other fibers are also used but are less common. The 
main factors that govern the contribution of reinforcing fibers in a composite material are the: (i). 
basic mechanical properties of the fibers, (ii) surface interaction of fiber and resin, (iii) amount of 
fibers in the composite (Fiber Volume Fraction) and (iv) orientation of the fibers in the 
composite. A two-dimensional comparative representation of some typical fibers from the point 
of view of specific strength and specific modulus is shown in Fig. 2.5.  
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Figure 2.5. Performance map of fibers used in structural composite materials [37]. 
 
(iv) Methods of manufacturing polymer composites 
The characteristics of composites depend on the method by which they are fabricated. An 
overview of the various methods that can be employed for composite fabrication is given in Fig. 
2.6. 
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Figure 2.6. Schematic overview of the approaches employed in the fabrication of polymer matrix 
composites [42-43]. 
 
(v) Properties and benefits of composites materials  
Composite materials incorporating a variety of the constituents discussed before display a wide 
range of characteristics. As mentioned, the quality of performance can be rated on the basis of 
specific strength and specific modulus. A comparative representation of the performance of 
typical structural composites from the point of view of these properties is shown in Fig. 2.7. As 
can be seen, most composites have higher specific modulus and specific strength than metals. 
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Figure 2.7. Performance map of structural composite materials [37]. 
 
Besides the mechanical superiority of composite materials over other conventional materials, 
they have other advantages, such as their processing speeds are high, cheaper and easy to use, 
they require lower energy while processing, the unique possibility of designing the material and 
the structure can be done in one unified and concurrent process, fewer concerns regarding 
environment etc. 
 
(vi) General applications of polymer composites 
Automotive, aerospace, offshore, bone-implants, geotextiles, industrial goods like wall coverings, 
sports applications, laminates, special shoe parts, filters etc. 
2.2.1. Interaction between the different constituents in a polymer composite 
The optimization of different constituents such as matrices, fibers, and additives, each with 
different physical and chemical state, can be a big challenge. In order to improve the overall 
performance of a structure, quantity of constituents as well as their interaction is equally 
important in formation of the microstructure of a material. Theory of adhesion is one of the 
approaches that deals with the microstructural aspects of bond formation and concentrates on the 
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chemistry of the interphase. This includes several theories that have been proposed to explain 
adhesion between solids can be grouped into five separate categories: (1) mechanical 
interlocking, (ii) interdiffusion, (iii) adsorption, (iv) electrostatic attraction, and (v) rheological 
phenomenon [44-47]. The second approach deals with the microstructural aspects and 
mechanical analysis of the interphase. Even after the availability of extensive research literature 
on this subject there is no consensus about one theory that explain all adhesion-related 
phenomena.  This is most likely due to the wide range of materials used as adhesives and 
substrates, and because of the complex nature of adhesion itself. 
 
(i) Mechanical interlocking - hooking 
The mechanical interlocking theory proposes that adhesion is due to irregularities on the 
substrates into which a polymeric adhesive may flow or around which the adhesive may solidify 
or cure. [45]. Hooking is further enhanced by increasing the substrate surface roughness or by 
promoting penetration of the adhesive into surface pores. To separate the adhesive from the 
substrate, energy must be expended and work done to deform and draw the material of lower 
compliance, provided that the surface features of the more rigid material are strong enough to 
withstand the separating force and do not fracture [46]. Although mechanical interlocking or 
hooking arises solely from the topography of the substrate surface, it seems to have a substantial 
effect on specific systems. For example, the adhesion in rubber bonded to anodized metals [48-
49] and textiles [50] seems to be dominated by this phenomenon. However, it must be noted that 
the means for altering surface topography (i.e., sand blasting, etching techniques, etc.) may 
induce additional adhesive mechanisms such as reactive surface groups, adsorption interactions, 
etc. [44]. 
 
(ii) Interdiffusion 
The interdiffusion or diffusion theory, which was first introduced by Voyutskii, attributes 
adhesion to intermolecular entanglements across an adhesive/adhered interface [51]. This theory 
proposes that a liquid adhesive may dissolve and diffuse into the substrate or that polymer chains 
in a polymer/polymer bond may become entangled with one another across the solid interface. 
This would occur when the system is heated above the glass transition temperature of the two 
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constituents. The extent of interdiffusion depends upon both the affinity for the different types of 
molecules for one another and also the mobility of diffusivity of the polymer chains within the 
other material. 
 
(iii) Adsorption 
The theory of adsorption assumes that adhesion is caused by physical and/or chemical adsorption 
interactions between molecules of the adhesive/adhered system [44, 46]. The interactions, which 
may occur across an interface, include the following: London dispersion forces, dipole/dipole 
interactions, dipole/induced dipole forces, hydrogen bonding, acid/base interactions, and covalent 
bonds [46, 52]. Since these forces are effective over distances in the range of several angstroms, 
the two surfaces must be in extremely close contact with one another if these types of interactions 
are to occur. 
 
(iv) Electrostatic attraction 
Deryaguin [53] proposed that electrostatic forces could develop at an interface between an 
adhesive and a substrate with different electronic band structures. Electrons are transferred across 
the interface inducing positive and negative charges that can attract one another. Again, in order 
for this type of bonding to occur, the surfaces must be in extremely close contact. 
 
(v) Mechanical interactions 
There are several origins for the mechanical interactions between reinforced fibers and polymer 
matrix such as surface topography, thermal stresses, and Poisson contraction [54]. The surface 
topography of the contacting solids plays a significant role in the adhesion. Generally, solid 
surfaces are rough on a microscale. When two solid surfaces are in direct contact, the actual area 
of molecular contact is limited to a relatively few high points on each surface. If the contact area 
is too small the interaction are limited and the adhesion will be weak. The effects of surface 
topography can be analyzed in terms of frictional forces. Both adhesion and deformation 
contribute to friction. The adhesion contribution is due to rupture of molecular bonds that takes 
place during friction and involves local motions of the order of 1 nm. The deformation 
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contribution is due to mechanical interactions of the two surfaces and involves motions 
exceeding 1 µm [54]. Friction from surface deformations is always present even when there is no 
adhesion. For instance, when an inert lubricant is interposed between the two surfaces, the 
adhesion friction is eliminated, but there are still deformation frictions [55]. Thermal stresses are 
caused by dimensional shrinkage of the resin around the fiber. Cooling, solvent removal, and 
chemical reactions can cause shrinkage. Thermal stresses can increase surface contact and 
enhance frictional interactions, but they can also cause elastic strains, which upon debonding, act 
as a locus of failure. For composites, the thermal stresses are mainly due to difference in the 
thermal expansion of the fibers and of the matrix. Anisotropic aramid and carbon fibers have 
different thermal expansion coefficients in their axial and radial directions. During cool-down 
from high curing temperatures, the mismatch between matrix and fiber shrinkage can result in 
radial and axial stresses. Nairn and Zoller [56] have discussed the effects of thermal stresses on 
Kevlar and carbon composites made with epoxies, amorphous, and semicrystalline 
thermoplastics. They conclude that any differences between Poisson's ratio fibers and matrix can 
result in interfacial stresses similar to thermal stresses. When a fiber has a lower axial Poisson's 
ratio than the matrix, upon application of axial tension to the composite the matrix shrinks to a 
greater extent than the fiber, resulting in radial compressive stresses. This compressive load can 
increase the interfacial surface contact and bonding. Conversely, upon compression, the Poisson's 
ratio mismatch can contribute to fiber-matrix debonding. 
 
2.2.2. Interface v. interphase 
During processing of a polymer matrix composite material, the interaction between the surfaces 
of the fibers and the polymer matrix may create various chemical and morphological 
inhomogeneities. These are typically discussed in terms of two distinct regions, namely, the 
interface and the interphase zones, respectively. The interface is defined at the atomic scale as the 
layer of the immediate chemical bond between the fiber and the polymer matrix. The interphase 
region is much larger. It is formed by local changes of the polymer matrix in the vicinity of a 
fiber. In this region local properties like morphology, thermo-mechanical behavior, and chemical 
composition can differ from the corresponding values observed in the bulk polymer matrix [57-
59]. The macroscopic behavior of composites depends not only on the properties of their 
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individual constituents but also on the elastic-plastic interaction between the different phases 
such as fiber and matrix.  
This clearly indicates that the chemical nature, and thus, surface energy will be different from 
that of the bulk material. Looking at few atomic distances into the material from the surface 
would show that the atomic positions are slightly different from that of the bulk material; this is 
due to the altered bonding forces of the surface. Not only do surfaces themselves contribute to 
variations from bulk properties, but processing and handling may also drastically change surface 
properties [44, 47, 59]. Furthermore, in many materials, various chemical species may migrate to 
the surface region and the migration of these chemical species or the substrate to which the 
material is bonded may have a profound effect on the microstructure or morphology of the near 
surface region, which is termed as the ‘interphase’. 
The term ‘interphase’ has been adopted to distinguish between an interface or a defined plane 
where material property changes are evident, and a region that has gradual transition of properties 
from one material to another. In addition, the concept of interphase has been used to describe 
systems that have an intermediate morphology between that of the two materials being bonded 
together. Sharpe defined this region or the interphase “as a region intermediate to two phases in 
contact, the composition and/or structure and/or properties of which may be variable across the 
region and which also may differ from the composition and/or structure and/or properties or 
either of the two contacting phases” [44, 37]. Herrera-Franco and Drzal illustrated the complexity 
of the interphase found in fiber reinforced polymer composites using the schematic illustration in 
Fig. 2.8 [61]. The interphase region here is characterized by the fiber morphology, fiber 
topography, fiber surface chemistry, and adsorbed material or coatings on the fiber, and by the 
properties of the matrix in close proximity to the fiber surface. 
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Figure 2.8. The schematic illustration of the complexity of the fiber/matrix interphase in a composite 
system [61]. 
 
2.2.3. Transcrystallinity in polymer materials 
(i) Transcrystallinity in general  
An interphase may have a completely different morphology from that of either of the two 
materials that are being bonded together. The different reinforcements can result in changes in the 
morphology and the crystallinity of the interphase regions. Some of the substrates, especially 
fibers, may act as heterogeneous nucleating agents and nucleate crystallization along the interface 
with sufficiently high density of nuclei. These nuclei will hinder the lateral extension and force 
growth in one direction, namely perpendicularly to the fiber surfaces and result in a columnar 
crystalline layer, known as transcrystallinity (TC) or transcrystalline layers (TCL), with limited 
thickness [62–69]. Fig. 2.9 shows a typical TC layer in dew retted flax fiber reinforced isotactic 
polypropylene (iPP) composites [70] and the transcrystalline interphase in a high modulus carbon 
fiber reinforced nylon 66 composite [71]. It is clear that the growth of the TC proceeds 
perpendicularly to the fiber until the growing front impinges with spherulites nucleated in the 
bulk. 
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Figure 2.9. Micrograph showing the (a) isothermal crystallization of flaxfiber/isotactic polypropylene 
[70] and (b) transcrystalline interphase in a high modulus carbon fiber reinforced nylon 66 composite 
[71]. 
 
TC has been reported to occur in several semi-crystalline polymers such as iPP, polyethylene 
(PE), PEEK, poly(phenylene sulfide) (PPS) and polyamide (PA), etc. in contact with carbon 
fibers (CF), glass fibers (GF), aramid fibers, natural fibers (NF), and so on. Due to its anisotropy, 
the formation of TC has significant influence on the performances of fiber/polymer interfaces, 
and hence affects greatly the mechanical properties of composites. Although TC has been 
reported to improve the properties of some fiber/polymer interfaces and composites, the 
mechanism by which TC layers occur is not fully understood and there are no rules to predict the 
appearance of TC in a particular fiber/matrix system. For that reason the effects of TC on 
interfaces and properties of composites remains in dispute [71]. 
Several authors [72] have reported that TC can improve shear transfer at the interface, and, 
consequently, mechanical properties of composites, whereas others claimed that it has no, or even 
a negative, effect on these properties. Many factors, such as the fiber material type, and its 
topology and surface coating, the matrix type, and thermal history, have all been reported to 
affect TC in these composites to some extent.  
Since Jenckel [73] discovered TC in 1952, many groups [74-77] have reported various aspects of 
the different factors influencing its formation and performance, and to which extend it alters the 
overall mechanical behavior of the composite materials. Barriault and Gronholz [74] reported that 
extruded nylon-66 transcrystallizes under nearly all conditions except severe quenching and 
concluded that a temperature gradient is sufficient to induce a high nucleation density on the 
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surface. Similar behavior was observed for the surface layer developed in polyethylene when the 
polymer was crystallized under a temperature gradient [75-77]. It was also stated that the 
thickness of this layer could be increased by increasing the temperature gradient between the 
surface and the interior of the melt. 
Fitchmun and Newman [78] extended their research and studied the influence of the processing 
methods and the major variables such as mold surface, melt temperature, cooling rate, and 
crystallization temperature on the surface structure of different samples of polypropylene. 
Initially, they studied the influence of melt history and found that even though it did not induce 
transcrystallinity the melt temperature must be high enough to remove the thermal history of the 
polymer which influences its spherulitic. They also found that a temperature gradient itself was 
not an effective procedure for the development of transcrystallinity in polypropylene when 
molded against oxidized aluminum. However, when polypropylene was moulded against Mylar, 
they found that with moderate cooling rates, the surface morphology changed from spherulitic to 
transcrystalline. Furthermore, the thickness of the zone was controlled by the cooling rate. 
Finally, they found that the crystallization temperature has a profound influence on surface 
morphology. For instance, when polypropylene is crystallized in contact with Teflon at 125°C, 
transcrystallinity occurs, but with a crystallization temperature of 118°C, small spherulites are 
formed uniformly throughout the sample. Furthermore, at elevated crystallization temperatures, 
the transcrystalline region is formed when polypropylene was in contact with the oxidized 
aluminum surface. The topography of the substrate also plays a major role in the TC growth 
systems [79] as observed in polypropylene which was in contact with a poly(ethylene 
terephthalate) (PET) substrate. It was shown that when the substrate is very active (ideal 
topography) it would cause transcrystallinity regardless of the rate of cooling. For less active 
substrates, rapid cooling may be essential for transcrystalline growth to occur. Furthermore, they 
observed channels or cracks that occurred due to the spherulitic growth of the polypropylene, and 
they suggested that when these flaws present in the surface of crystalline polymers are of a 
suitable size, they allow a degree of pre-alignment of polymer chains leading to preferential 
nucleation at the surface. 
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(ii) Transcrystallinity in various fiber-reinforced polymer composite systems 
Burton and Folkes [80] studied the spherulitic growth at the interface between fibers and matrix 
in reinforced nylon 66. The fibers used were carbon, Kevlar, and glass, with the carbon fibers 
having a series of surface treatments and coatings. They found that the production of 
transcrystallinity is strongly dependent on the type of fiber (Type I versus Type II or Type A 
carbon fibers, glass fibers, and Kevlar). The surface treatment of carbon fibers and the application 
of coatings and coupling agents had little or no effect. Furthermore, the results showed that 
transcrystallinity does not occur easily in injection moulded polymers other than by remelting 
them. Ishida and Bussi [81] added polyethylene fibers to a poly(e-caprolactone) melt and found 
that transcrystallinity is formed on the fiber surface due to the high degree of epitaxial matching 
between the fiber and the matrix. 
The non-isothermal crystallization of glass fiber reinforced polypropylene by Devaux and 
Chabert [82] showed that a transcrystallization region never occurred when the glass fibers are in 
a quiescent state. Rather, a shear stress applied to the glass fibers below the melting temperature 
of the polymer produces a particular crystalline superstructure (transcrystallinity) adjacent to the 
fiber. When organic fibers were added to polypropylene, a transcrystalline phase adjacent to these 
fibers is always observed. They indicate that the transcrystalline region next to the organic fibers 
is not the same phenomenon than the crystallization observed when a shear stress is applied to the 
glass fibers. In the case of the organic fibers, transcrystallinity is directly linked to the topography 
of the fibers. This was verified by the fact that when silicon oil was deposited on the organic 
fibers, transcrystallinity did not appear. The authors suggest that the transcrystalline 
superstructure is probably due to the multiplication of macromolecular entanglements adjacent to 
the fibers. These entanglements play the role of nucleation sites constrained to develop in one 
direction, because of their high density. This is confirmed by the fact that when a single glass 
fiber is pulled out during crystallization, the transcrystallized superstructure also appears in the 
region where the fiber was pulled out. They distinguish between this superstructure and a 
transcrystallization for which the nucleation occurs actually on the fiber. Later, Devaux et al. [83] 
constructed a simulation of crystalline growth fronts in the polypropylene composites. The 
influence of glass fiber content on the morphology of injection molded polypropylene composites 
[84] also showed an enormous influence on the morphology of the composites. It was found that 
increasing the fiber concentration, the skin-core structure of the composite gradually disappeared. 
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Furthermore, the spherulitic size decreased while transcrystallinity increased with increasing fiber 
content. 
A rise in the number of applications of high performance polymer composites has lead to more 
rigorous studies of this phenomenon. For instance, the crystallization of PEEK in carbon fiber 
(CF) composites [85] showed that the carbon fibers serve as a nucleating agent for PEEK, and the 
number of ordered regions or nuclei in PEEK decreased as the total melt-annealing time is 
increased. Reducing the number of nuclei in the matrix favored PEEK transcrystallization on the 
carbon fibers, which made a stronger interfacial bond. Several authors [86-88] also studied the 
influence of processing conditions on the development of TC especially in PEEK/carbon fiber 
composites. For instance, Zhang et al. [86] found that the nucleation rate on the CF decreased 
greatly with increasing crystallization temperature and fell slightly when the melting temperature 
was rather low. TC of PEEK appeared in a wide crystallization temperature range, 280–315 °C 
after PEEK was melted at rather high temperature. TC formation occurred only when the 
nucleation on the fiber was unaffected and a sufficient number of nuclei appeared on the fiber. 
Linear growth rates of TC at various temperatures were similar to those of the spherulites in the 
bulk, and the thickness depends on the crystallization and melting temperatures. Variation of the 
molecular weight of PEEK within a small range had no obvious influence on its nucleation rate 
on the fiber, but affected the TC growth rate. They also found that TC formed very easily at the 
interface of PEEK with phenolphthalein polyether(ether)sulphone (PES-C) on CF, compared 
with CF/PEEK system [87]. Furthermore, Tung and Dynes [88] investigated the effect of 
processing conditions on the morphology of PEEK/CF composites. A two stage crystallization 
process was found in samples quenched at low rates (i.e., <5°C/min.). Crystallinity, spherulite 
size, and orientation were also affected by the quench rates, with high crystallinity, large 
spherulites, and transcrystallinity being observed in very slow quenched samples.  
 
2.2.4. Influence of microstructure on strain localization in polymer composites 
Briancon et al. [89] studied the mechanism of strain localization inside unidirectional glass-epoxy 
composites, by mapping the distortion of a microgrid, which was placed on the specimen surface 
prior to straining. They also demonstrated the influence of the type of matrix and of the 
interfacial strength on the transverse behavior. The fiber reinforcement of polymer matrices 
generally produces residual stresses. Asp et al. [90] observed such effects on fiberglass-epoxy 
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composites. They showed that the level of residual stresses corresponded well to the lower values 
of the transverse failure strain. Kies [91] found that the brittleness of fiberglass-epoxy composites 
in the transverse direction is due to a strain concentration phenomenon in the polymer matrix. A 
corresponding finite element calculation performed by De Kok et al. [92] showed that high local 
strains might occur in the matrix even at low global strains in the bulk composite. The authors 
reported that the highest local von Mises strains were particularly concentrated in thin bands near 
the fiber/matrix interface. The authors also displayed that a thin rubbery interface facilitated the 
transfer of the plastic strain between the matrix and the fibers, hence enhancing the capability of 
the composite microstructure to increase the overall potential for strain accumulation without 
premature localization effects in the composite. Similar approach of DIC called as digital phase-
shifting grating shearography has been applied for the investigation of the elementary behavior of 
carbon/epoxy plain-weave fabric composite with large unit cells under uniaxial tension [93-94]. 
Ivanov et al. [95] and Lomov et al. [96] successfully investigated the damage initiation and 
development in triaxial braid composed of carbon fibers and correlated it with fine structural 
damage. 
 
2.2.5. Influence of the different additives on microstructure of a polymer composite 
Structural integrity of homopolymer polypropylene reinforced with different contents of natural 
wood fibers, additives, and coupling agent is investigated in the present study (Chapter 5, Section 
5.3.). The addition of fillers, such as natural fibers, influences density, stiffness and viscoelstic 
behavior of a polymer [97]. Good interfacial adhesion between the matrix and fibers is essential 
to transfer a stress from the matrix to the fibers and thus improve the mechanical strength of 
composites. The role of a coupling agent in wood fiber-reinforced plastic composites is very 
significant in improving compatibility and adhesion between polar wood fiber and non-polar 
polymer matrices. Mechanisms of coupling are forming chemical bondings (ester bondings) 
between the fiber and the matrix, reducing the surface energy of the wood fiber, lowering the 
static interactions between the fibers (more homogeneous fiber distribution) as well as improving 
the physical penetration between matrix and fiber. Maleinated polypropylene (MAPP) is widely 
used as coupling agents in PP-natural fiber composites. The performance of MAPP as coupling 
agent for PP-wood-composites depends on the content of grafted maleic anhydride groups and on 
the polymer chain length. A higher content of grafted maleic anhydride groups improve the 
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interaction between wood and MAPP, while high polymer chain length facilitate the co-
crystallization of MAPP in the PP-matrix [98]. Arbelaiz et al. [99] studied the influence of 
amount and type of MAPP as a compatibilizer on mechanical properties of flax fiber bundle/PP 
composites. The use of MAPP as coupling agent improved mechanical properties and reduced the 
water uptake of composites by enhancing the adhesion between flax fiber bundles and PP. Thus, 
the addition of MAPP is also preventing the early breakdown of the composite material due to 
poor interfacial adhesion because of moisture absorption. Beg et al. [100] investigated the 
combined effect of pretreatment of fiber with sodium hydroxide (NaOH) and coupling with 
MAPP on the physical and mechanical properties of radiata pine (Pinus Radiata) fiber and 
polypropylene matrix based composites. The authors showed, that without coupling agent, the 
tensile strength of the composites decreased with increasing fiber content, whereas with coupling 
agents, both tensile strength and Young’s modulus increased with increasing fiber content. 
Scanning electron micrographs of the fractures surfaces suggested that the improvement in the 
interfacial bonding was most likely responsible for these improvements.  
However, above a certain concentration of the coupling agent, deterioration of the mechanical 
properties often occurs [101-103]. It was found that in wood-polypropylene composites, in which 
MAPP with higher concentrations of grafted maleic anhydride is added, the functional groups are 
not only located at the interface to the wood fibers, but also tend to form a separated phase 
distributed within the PP matrix, affecting its properties [101-102]. The MAPP domains strongly 
affect the mechanical properties and deformation behavior of the composites. At high and 
constant concentration of the coupling agent, increasing the grafting level of maleic anhydride 
above a certain limit does not provide additional improvement of the tensile and influence 
strength of the wood filled composites. The dispersed MAPP particles act as stress concentrators 
similar to other modifier particles and after debonding at the interface initiate plastic deformation 
of the matrix by shear yielding. Bledzki et al. [103] did similar investigations and reported the 
influence of MAPP on the mechanical properties of PP/hard-wood flour and soft-wood-flour 
composites and established that the composites displayed better properties at lower percentages 
of MAPP (5 wt.%). The authors arrived at the general conclusion that in order to produce 
polymer composites with acceptable mechanical performance, a careful selection of coupling 
agents and optimization is needed [104]. Beside the influences of coupling agents, the 
microstructure of the reinforcing wood [105-107] and the molecular weight of polymer matrix 
also influence the localized as well as global mechanical behavior of a wood composite structure 
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[108]. Mueller et al. [105-107] investigated the beginning of plastic deformation of different 
wood species and concluded that compression strength perpendicular to the grain mostly depends 
on the anatomy of the wood and the ultrastructure of the cell wall. An impregnation of wood cell 
walls with melamine-formaldehyde resins changed the microstructure of the cell walls what 
yielded in an increase of strength and stiffness perpendicular to the grain. This changed plastic 
buckling to a brittle fracture behavior of the cell walls. Furthermore, PP with higher molecular 
weight revealed stronger interfacial interaction with cellulose in the composites [108] compared 
to a lower molecular weight PP and the composites derived from higher molecular weight of PP 
exhibited stronger tensile strength at the same cellulose content. Modification of wood fibers with 
anhydrides (acetic acid, maleic acid, succinic acid) also leaded to an improvement of the 
interfacial interactions between wood fibers and PP matrices [109].The addition of more than one 
compatibilizing agent is reported to induce stronger interfacial adhesion [110-111]. 
 
2.2.6. Microstructural changes induced by environmental exposure 
A wide range of applications of polymer composites in different fields exposes these materials to 
different environments such as hygroscopic, chemical, high temperatures, and radiations or to 
combination of them (Chapter 6). The influence of environmental exposure can alter the 
micromechanical response of some polymers in terms of accelerated aging and decay phenomena 
at the fiber-matrix interface, which ultimately degrades the integral mechanical properties such as 
viscoelasticity, stiffness and hardness [112]. The chemical treatment of fiber surfaces (sizing) has 
a significant influence on the adhesion between matrix and fibers. It interferes with the 
interpenetration process between the chemical coating molecules and polymer chains at the 
interface region. Hygroscopic (steam) and radiations (gamma) are of special interest to this study 
as one of the materials investigated is employed as bone-implant. Sterilization is a mandatory 
process for materials used in medical applications like bone-implants. The processes commonly 
employed are steam sterilization and sterilizations by radiation such as gamma radiations. 
Influence of steam or radiation environment is directly related to the amount of moisture 
absorbed and the level of interaction between matrix and radiation, respectively. 
The structural integrity and overall performance of fiber reinforced polymer composites are 
strongly influenced by the stability of the fiber/polymer interfacial region. The absorption of 
moisture causes dilatational expansion and induces stresses which are associated with the 
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moisture-induced expansion entailing degradation of the structural stability [113]. The 
mechanism of moisture absorption in the polymer matrix or at the interface region is by diffusion 
or capillary processes [114-115]. This may induce plastic deformation by plasticization or 
differential strains due to swelling while stretching the polymeric chains [116]. These effects may 
strongly alter the physical, chemical, and mechanical characteristics of the material at different 
scales [117]. This results in a significant mismatch in moisture induced volumetric expansion 
between the matrix and the fibers, and thus leads to the evolution of localized stress and strain 
fields in fibrous composites [118-120]. Mensitieri et al. [121] studied the diffusion kinetics of 
water from vapors with different activity and from liquid state into amorphous and 
semicrystalline PEEK sheets at different temperatures, respectively. At higher activity levels, the 
amorphous material showed the occurrence of a relaxation process. Although, the water uptake 
values obtained for both amorphous and semicrystalline PEEK, confirmed the good moisture and 
liquid water resistance of this kind of high performance thermoplastic polymer. However, the 
water absorption behavior can be very different under external stress conditions in terms of both 
the rate of penetration and the solubility (swelling) processes [121]. In these cases, the authors 
reported an increase in the kinetics associated with both processes. Such influences due to 
hydrothermal environment exposures can degrade the mechanical properties [122], which are 
directly attributed to the degradation of interfacial bond strength by temperature and moisture 
[123]. Meyer et al. [124] investigated the long-term durability of fiber/matrix interfacial bonding 
in hydrothermal environments in carbon-fiber-reinforced PEEK and polysulfone (PSF) 
composites. The results indicated that water saturation reduces interfacial bond strength in both 
composites as a function of both time and temperature, with bond strength apparently reaching a 
stable temperature-dependent equilibrium level. The stability of polymer matrix is also equally 
significant in determining the durability of any material. For instance, Zhang et al. [125] reported 
that the interface between carbon fibers and PEEK matrix was not affected by the immersion in 
90° C at least up to 8000 hours. However, there was a slight loss of PEEK strength (20 %) and 
failure strain (25 %) reflected by the overall mechanical performance of the composite. 
The effects of radiation are also of considerable scientific and commercial importance to the 
material investigated. Previous studies [126-127] on ultra high molecular weight polyethylene 
(UHMWPE) have shown an influence of gamma radiation at low doses. The authors concluded 
that irradiation at low doses produces simultaneous crosslinking and chain scission events that 
occurred preferentially in the amorphous phase and at the crystal fold surfaces. At high doses, the 
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concluded that chain scission may become a significant competitive process to crosslinking 
[128]. Such chain scission phenomena may lead to an increased crystallinity by cutting molecules 
that may then join the crystalline regions, thereby increasing crystallinity and Tg. If irradiated 
specimens are melted and recrystallized, the crosslinking may inhibit crystallization associated 
with reduced crystallinity, and therefore, modify the mechanical properties [129]. Similar low-
energy gamma irradiation experiments at low temperature studies on PEEK have shown excellent 
mechanical properties [130]. The mechanical properties at high temperature were improved by 
the formation of cross-links and by an increase in the glass transition temperature of the PEEK 
matrix [131-132]. 
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3. Experimental methods 
 
 
3.1. Tensile testing  
Tensile properties were measured in accordance with the international standards organization 
(ISO) [133]. A Zwick 30 kN tensile testing machine was coupled with the DIC measurement 
setup [134]. The tensile tests for small-sized samples were performed on a special miniaturized 
tensile test rack commercially constructed by Kammrath & Weiss (Germany) for use in scanning 
electron microscopes. The computerized device features two moveable crossheads allowing the 
sample to remain in a stable centered position during testing (Fig. 3.1). The maximum capacity of 
the load cell amounted to 5 kN and the maximum displacement was limited to 12 mm with the 
maximum tensile velocity of 20 µm/s.  
 
 
Figure 3.1. (a) Illustrating the high-resolution set-up showing SEM coupled with micro-tensile testing 
machine. (b) Miniaturized tensile test rack with two moveable crossheads (c1, c2). The tensile specimen 
(s) which is mounted in the center has a length of 40 mm. 
 
3.2. Scanning electron microscopy  
After tensile test, the fracture surfaces of the failed samples were analyzed by the JSM 6500F 
JEOL scanning electron microscope (SEM). The fracture surfaces of specimens were sputtered 
with a thin gold layer (thickness 10-15nm) for 15 s in a vacuum chamber before observation.
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3.3. Digital image correlation  
Digital Image Correlation (DIC) technique also referred as photogrammetry is a full-field 
displacement and strain measurement tool increasingly used for static and slow rate testing [134]. 
Sample preparation consists of applying a regular or random high contrast dot pattern to the 
surface, commonly with spray paint. Thousands of overlapping unique correlation areas known 
as facets (typically 15 pixels square) is defined across the entire imaging area. The center of each 
facet is a measurement point that can be thought of as a 3D extensometer. Closely spaced arrays 
of them form in-plane strain rosettes. The facet centers are tracked, in each successive pair of 
images, with accuracy up to one hundredth of a pixel. Then, using the principles of 
photogrammetry, the 3D coordinates of each facet are determined for each picture set, Fig. 3.2. 
The results are the 3D shape of the component, the 3D displacements, and the in-plane strains. 
Data can be presented as color plots, movies, section line diagrams, etc, and ASCII exports 
support further analysis and comparison. Because of similar output, this is an excellent tool for 
verifying and iterating finite element models; it provides distribution as well as maximum values 
of displacements and strains. The method is extremely robust and has wide dynamic range which 
is not affected by rigid body motions or ambient vibrations, etc. High-speed cameras are used in 
this method in order to exploit the key features like capturing of non-blurred pictures, 
measurement of 3D coordinates, 3D displacements etc. 
 
 
Figure 3.2. Schematic drawing indicating (a) the initial pattern (before straining) and (b) the distorted 
pattern (after straining). 
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(i) Measuring principle 
Figure 3.2 shows the principle of DIC as implemented in the commercially available Aramis 
system [134]. The fundamental principle of DIC is based on relating the distribution of gray scale 
values of a rectangular area (known as a ‘facet’ or ‘subset’) in the material before and after an 
increment of deformation. Thus, a reference point defined in the initial image Fig 3.2a must also 
be located as the reference point in the deformed or the ‘final’ image Fig 3.2b. The following 
relation exists between the gray values at these two points [135-136]: 
 
g1 (x, y) = g2 (xt, yt)         (3.1) 
Where g1 and g2 represent the grey values of initial and final images respectively. The pixels of 
the facet in the initial image are then transformed into the final image as follows [134-136]: 
 
Xt = a1 + a2 x + a3 x + a4 xy       (3.2) 
yt = a5 + a6 x + a7 x + a8 xy       (3.3) 
 
The values a1 and a5 in equations (3.2) and (3.3) above describe the translation of the facet centre, 
while the others (a2, a3, a4, a5, a6, a7 and a8) describe the rotation and deformation of the facet.  
In order to compensate the possible differences of illumination in the images, a linear radiometric 
transformation is adopted while the images are being matched [137] 
 
g1 (x, y) =b1 + b2g2 (xt, yt)        (3.4) 
 
The above parameters (a1 – a8, b1 and b2) are calculated in such a way that the sum of the 
quadratic deviation of the matched gray values is minimized. For this purpose, cross-correlation 
[135] is used as a standard method in DIC for error measurement. A correlation coefficient C for 
the two facets is defined as  
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The Aramis software [134] determines the set of gray values that minimizes the correlation 
coefficient C. The Newton-Raphson search method is used for the above calculation [135-136]. If 
a facet is nearly white or black, the correlation coefficient C is close to 0. Thus, correlation 
algorithm cannot match between two successive images and the displacement and corresponding 
strain data will not be reported. This is regarded as a weak correlation and a hole will appear in 
the corresponding position in strain map [138]. 
 
(ii) Computation of the accumulated plastic strain 
Strain is the measure for the deformation of a line element and can be defined as follows: 
 
          (3.6) 
 
The stretch ratio λ is the relative elongation of an infinitesimal line element. A strain value ε can 
be defined as the function of the stretch ratio. The following known functions are frequently used 
strain measures. 
 
Technical strain: ε ( ) 1T f λ λ= = −       (3.7) 
Logarithmic or natural strain: ε ( ) ln( )L fϕ λ λ= = =    (3.8) 
Green’s strain:  21ε ( ) ( 1)
2
G f λ λ= = −      (3.9) 
Von Mises strain: ])(2/1)(3/2[ 222222 zxyzxyzzyyxx
M γγγεεεε +++++=  (3.10) 
Where iiε  indicates the normal strain components (Einstein summation rule does not apply) and 
ijγ  indicates shear strain components. Due to the two dimensional (surface) strain analysis 
conducted in this study, the strain tensor components εz, γyz, and γzx are unknown. This strain 
measure is a useful approximation of a deformation state which reduces a strain tensor to an 
equivalent scalar-strain measure. 
In the unloaded condition, a body occupies certain region in the area.  Due to the imposed load 
continuum elements will change their positions in the area.  They experience deformation, which 
one can express by the deformation vector u . The components of this deformation vector can be 
0
lim
l
l l
l
λ
→
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determined from the difference between the local coordinates of a continuum element before and 
after the loading. The whole of the deformation vectors of a loaded body marks the deformed 
condition, which is characterized by translation, rotation and distortion (deformation, external 
shape change). The translation and rotation corresponds to the movement of a rigid body. 
When tension is imposed on a line element vector, it experiences the movement by a translation 
and rotation. This movement procedure is characterized by the deformation gradient F . The 
deformation gradient F  is a tensor of second order and transforms a line element  dX  into a line 
elementdx . The line element connects thereby the same material coordinates [139]. Figure 3.3 
illustrates the above-described case. 
 
 
Figure 3.3. Translation and strain of a line element. 
 
Thus, the deformation gradient tensor is defined as  
 
 dx = F . dX          (3.11) 
 
From these deformation vectors the deformation gradient F
r
 defined above can be determined.  
With an increase in strain gradients, one can obtain the stretch tensor by decomposition of the 
deformation gradient tensor into the polar co-ordinates, therefore the extension. In order to 
determine the deformation gradients from the displacement field, the coordinates of each point in 
the undeformed condition and in the deformed condition must be known.  In order to calculate 
the deformation gradient tensor for a point, a number of points in the neighborhood of the 
observed point are needed. For this model of calculation, a homogenous state of strain has to be 
assumed for this set of adjacent points.  
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The deformation gradient tensor creates a functional connection for the coordinates of the 
deformed points vP  with the coordinates of the undeformed points uP , using the rigid body 
translation vector u . The functional connection is given by:  
 
          (3.12)  
 
This formula describes a linear system of equations whose unknowns are the four parameters of 
the deformation gradient tensor F . The deformation gradient tensor F  can be interpreted as an 
affine transformation which transforms a unit square into a parallelogram. This system of 
equations can be analytically calculated for three points. If more than three points are chosen, the 
result is an over determined system of equations which generally is contradictory. In such case, 
the methods used must permit a calculation with more than three points. Here, the Gaussian least 
squares adjustments are used.  
The deformation gradient can be divided into polar co-ordinates as purely rotational matrix and 
pure stretch tensor. The two conceivable possibilities are: 
 
 1) Decomposing into rotation and right stretch tensor (Cauchy Green tensor) 
                (3.13) 
 2) Decomposing into rotation and left stretch tensor 
          (3.14) 
Where R  is an orthogonal tensor of second order, U  and V  on the other hand are two 
symmetrical positive definite tensors possessing the same principal values.  Their centerlines are 
however rotated due to the R  against each other. They possess the same head values. 
The tensors U  and V  cause only length variations, while R  causes a rigid rotation.  The stretch 
tensor U  exhibits the following form in the two-dimensional space: 
 
                                                                                                             (3.15) 
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The moduli of elongation x∈  and y∈  are defined, and it depends on the coordinate system.  The 
symmetrical matrix U can be transformed on the main diagonal form.  Then the two eigen-values 
λ1 and λ2 can be calculated then as follows: 
 
          (3.16) 
 
The larger eigenvalue is called major strain and the smaller eigenvalue is the minor strain. The 
corresponding eigen vectors determine the directions of the major and the minor strain. The strain 
values thus determined are independent of coordinate system and are universally applicable. 
 
 
Figure 3.4. Analytical calculation of the deformation gradient tensor. 
 
On the assumption of volume constancy: λ1, λ2, λ2 = 1, the third principal strain ε3 can be 
calculated from the two principal strains ε 1 and ε 2. This model of calculation of strain assumes 
that the pure rigid body displacement, which the individual line elements received in addition to 
their deformation, cannot be modeled by the deformation gradient tensor. This means that for the 
calculation of deformation gradient tensor, all points of a neighborhood may undergo translation. 
This translation may be different for the undeformed and the deformed state. The translation is 
chosen such that the point, for which the deformation gradient tensor is being calculated, is 
shifted into the origin, Fig. 3.4. 
( )2x y x y 21,2 x y xyε +ε ε +ελ =1+ ± - ε .ε -ε2 2⎛ ⎞⎜ ⎟⎝ ⎠
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The earlier description dealt with the calculation of strain in two dimensions (which are in our 
case); however, it is not applicable if the measuring data consist of three-dimensional Cartesian 
co-ordinates of the specimen surface. In order to be able to use the earlier model for strain 
calculation, the 3D data has to be transformed into the 2D space.  The above transformation can 
be accomplished according to the tangential model. This model assumes that the local 
neighborhood of a point can be well approximated by a tangential plane. The computation of this 
tangential plane must take place for the deformed and for the undeformed condition separately. 
The points in the local neighborhood are projected perpendicularly in to this tangential plane. 
One receives two sets of points, for the deformed and undeformed state, in the two dimensional 
space in which the strain now can be calculated. The deformation gradient F
r
 described above can 
also be computed from these 2D sets of points. 
As a result, one receives a planar colored representation of the distribution of the accumulated 
plastic strain on the sample surface. Here each color corresponds to a certain plastic strain 
condition of the sample. Similar colors suggest thus a comparable accumulated plastic stretch. 
In this context, it must be underlined that the digital image correlation technique works without 
any additional artificial regular grid on the sample surface. The displacement gradient field is 
derived exclusively from the changes in the border coordinates for a gray scale distribution at 
each coordinate. The spatial resolution of the method is therefore independent of some external 
grid size but is of the order of the respective optical setup. The strain resolution is below 0.1% 
since the method uses the match of the complete gray scale distribution before and after loading 
as a measure to determine the exact shift in border coordinates. This procedure provides a larger 
precision than the determination of the new border coordinates in the form of discrete pixel steps. 
A specially designed vibration free stage was used to perform the experiments. The calibration of 
the DIC procedure was performed [134] to estimate the experimental error by correlating two 
undeformed images. The estimated residual error was ~0.031%, which is well below the 
acceptance level of ~0.04% [134]. 
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Table 3.1. Summary of the parameters used for DIC procedure. 
Measured field size on the specimen surface  different for each test material  
Project parameter: Facet 
Facet size 15 pixels 
Step size (distance between centers of two facets) 7 pixels 
Project parameter: Strain 
Computation size 3 
Validity code 55% 
Strain computation method total 
Stage parameter 
Accuracy 0.04 pixels 
Iteration limit enabled 
Residual gray scale level 20 gray levels 
Intersection deviation 0.3 
Recording image sequence 
Simple measuring mode 1 image/s 
 
(iii) Sample surface preparation and experimental setup for DIC 
In this study a fine white and black colored sprays was applied to the surface of the undeformed 
sample. The stochastic gray scale pattern formed on the surface of the specimen was recorded 
and the reference coordinates for different experimental methods (microstrain determination) 
were fixed on the sample surface. These surface reference marks allow us to identify the same 
sample areas under the different experimental environments ensuring a one-to-one 
correspondence of the different results. The specimen was then uniaxially deformed using zwick 
standard (Chapter 5, Section 5.1) or micro-tensile testing (Chapter 5, Section 5.2, 5.3 and 5.4) 
machine operating with a load cell of 5kN. After each deformation step, the surface gray scale 
pattern was acquired and the displacement gradient fields as well as the strain distribution were 
calculated.  
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Figure. 3.5. (a) Schematical drawing and (b) photo of the experimental set-up of the CCD camera system. 
 
The determination of the plastic displacement field and the subsequent calculation of tensor 
components of the plastic strain field are carried out after each deformation step using DIC. Both, 
the natural rough surface characteristics of unprepared sample surface or an artificial quasi-
stochastic pattern created by applying color spray to the polished surface can serve as input 
pattern. In order to measure the two-dimensional surface coordinates the pair of digital stereo 
image of both the transverse sample surfaces were acquired using two high-resolution CCD 1300 
cameras. Figure 3.5 shows one of the experimental setup with the two high-resolution digital 
cameras. Geometry of the construction, particularly the angle of the cameras to each other (90°), 
must remain constant during the measurements.  
 
3.4. Nanoindentation  
The nanohardness tests were conducted using a Hysitron nanoindenter system (TriboIndenter). 
The instrument includes a XYZ-sample-stage and a set-up, which combines a piezo-scanner as 
known from conventional atomic force microscopy with a transducer and a Berkovich diamond 
indenter-tip. The XYZ-stage is used to position the sample under the piezo scanner for the fine 
positioning as well as the approach of the indenter in normal direction. After positioning the 
indenter tip on top of the sample, either it can be directed into the sample by applying a bias 
voltage on the bottom capacitor of the transducer (hardness test) or it can be moved in lateral 
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direction i.e. x-y plane (scratch test) with the help of a piezo controller. The piezo controller 
images the sample surface comparable to a conventional atomic force microscope. 
The reduced elastic modulus was calculated by the Oliver and Pharr method [140], which is 
included in the Hysitron software (Triboview version 6.0.0.31). In general, the relationships 
between indentation depth, h , and indentation load, P , is represented in the form  
m
fhhP )( −×=α                                                                                             (3.17) 
Where α  contains geometric constants, the sample elastic modulus and Poisson's ratio, and the 
indenter elastic modulus and Poisson's ratio, fh  is the final unloading depth, and m is a power 
law exponent that is related to the geometry of the indenter. In applying Equation 1 to the 
calculation of modulus, Oliver and Pharr1 [140] made two significant assumptions. First, the 
slope of the unloading curve changes constantly due to constant changes in the contact area. In 
prior research, the upper portion of the unloading curve was approximated as linear, which 
incorrectly assumes that the contact area remains constant for the initial unloading of the 
material. This practice created a dependence of calculated modulus values on the number of 
points used in the linear fit [140]. Second, if the unloading curve can be fit by a power law 
expression given by Equation 3.17, then a derivative, dP/dh, of that expression applied at the 
maximum loading point (maximum displacement, hmax, and maximum load, Pmax) should yield 
information about the state of contact at that point. This derivative was termed the contact 
stiffness, S, and is given by 
crr AEaES π
β22 ==                                                                                   (3.18) 
Where a is the contact radius and Ac is the contact area (. 25.24 cc hA =  for the Berkovich indenter 
and hc is the contact depth of the indent). The reduced modulus, Er, accounts for deformation of 
both the indenter and the sample and is given by  
⎟⎟⎠
⎞
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⎛ −+−=
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i
r EEE
22 111 νν                                                                                     (3.19) 
where νi and Ei is the Poisson’s ratio and the elastic modulus of the indenter, respectively, and ν 
and E is the Poisson’s ratio and the elastic modulus of the sample, respectively, and β a constant 
for the indenter geometry (1.034 for the Berkovich indenter). The hardness, H, is defined by  
2
maxmax
5.24 cc h
P
A
PH ==                                                                                          (3.20) 
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Figure 3.6. A schematic illustration of (a) an indentation load-displacement curve defining the various 
parameters used in Oliver and Pharr analysis where hf is the final depth, hi is the intercept displacement, 
hmax, is the maximum displacement, S is the stiffness and Pmax is the maximum load. 
 
A nanoscratch test is performed by moving the indenter tip while it is in contact with the sample 
surface. The same Berkovich geometry indenter was used but after orienting the sharp edge into 
the scratch direction. This enables the indenter tip to scratch the sample surface continuously at 
applied peak load. The data acquisition includes the depth profile and the coefficient of friction. 
The coefficient of friction,μ , is determined from the ratio of the lateral force, LF , (tangential 
force) and the normal force, NF ,. Therefore, the coefficient of friction indicates the resistance of 
the material to the tip penetration in the tangential direction. 
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4. Mesoscale simulation of the isotactic polypropylene crystallization by using 
a cellular automaton 
 
 
The kinetics and topology of spherulite growth during crystallization of isotactic polypropylene 
(iPP) has been studied by using a 3D cellular automaton model. The automaton cells can assume 
one out of two discrete states, i.e. melt or spherulite. The transformation kinetics governing the 
individual cell switches from melt to spherulite is formulated according to the Hoffman-Lauritzen 
secondary surface nucleation and growth theory for spherulite expansion. It is used to calculate 
the switching probability of each cell as a function of its previous state and the state of the 
neighbor cells. The actual switching decision is made by evaluating the Hoffman-Lauritzen 
switching probability calculated locally by using a Monte Carlo step. The growth rule is scaled 
by the ratio of the local and maximum occurring Gibbs free energy of transformation, the local 
and maximum occurring temperature, and by the size of the automaton cells. The Hoffman-
Lauritzen scaling procedure provides a real time and space scale. The simulations are conducted 
for quiescent and for weakly sheared melts. The kinetics predicted are in excellent agreement 
with those obtained for iPP from experiments.  
 
4.1. Introduction to the modeling of spherulite growth kinetics in polymers 
Quantitative mesoscale kinetic simulations of structure and topology evolution during polymer 
solidification is an important issue in the field of advanced polymer processing [141-150]. 
Among the various structural phenomena involved, crystallization plays a major role in that 
context. In the field of polymer solidification mesoscopical simulation methods are particularly 
valuable since spherulite growth during crystallization occurs mostly under inhomogeneous 
mechanical and thermal boundary conditions. 
Earlier approaches to the modeling of crystallization processes in polymers were suggested and 
discussed in detail by various groups. For instance Koscher and Fulchiron [141] studied the 
influence of shear on polypropylene crystallization experimentally and in terms of a kinetic 
model for crystallization under quiescent conditions as well as under the influence of shear. Their 
approach was based on a classical topological Avrami-Johnson-Mehl-Kolmogorov (AJMK)
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 model for isothermal conditions and on related statistical models such as those of Nakamura [30] 
and Ozawa [150] for non-isothermal conditions. The authors found in part excellent agreement 
between these modeling results and their own experimental data. For predicting crystallization 
kinetics under shear conditions Koscher and Fulchiron [141] also used an AJMK model, 
however, in conjunction with a formulation for the number of extra activated nuclei observed 
after shear treatment to the first normal stress difference. The authors justified this approach by 
suggesting that the first normal stress difference includes the effect of the elastic portion of the 
rheological behavior of the material. They assumed that the systematic shear and alignment of 
certain preferred molecular orientations may predispose and, thereby, favor oriented clustering of 
molecular segments to initiate additional nucleation [151]. The latter part of the approach was 
based on an earlier study of Eder et al. [22, 152] who expressed the number of activated nuclei as 
a function of the square of the shear rate which provides a possibility to predict the thickness of 
thread-like precursors. A related approach was published by Hieber [153] who used the 
Nakamura equation [30] to establish a direct relation between the Avrami and the Ozawa [150] 
crystallization rate constants. 
AJMK-based transformation models have been applied to polymers with great success to cases 
where the underlying assumption of material homogeneity is reasonably fulfilled [141-153]. It is, 
however, likely that further progress in understanding and tailoring polymer microstructures can 
be made by the use of cellular automata [154-162] which are designed to cope with more realistic 
situations by taking the heterogeneity of the material and of the boundary conditions into 
account. 
The aim of our study, therefore, consists in the use of a 3D probabilistic cellular automaton 
model for the prediction of the kinetics and topology of spherulite growth during crystallization 
of isotactic polypropylene (iPP) [154]. The model uses experimental and theoretical input 
parameters which were adopted together with corresponding experimental data on the topology 
and kinetics of iPP from the literature [141] and also directly from the group of Fulchiron [163].  
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4.2. The cellular automaton model for polymer spherulite growth 
(i) Structure of the automaton model 
The model for the mesoscale prediction of spherulite growth in partially crystalline polymers is 
formulated as a probabilistic 3D cellular automaton [154, 158-162]. It is discrete in time and real 
space. It uses a cubic lattice and considers the states of the three nearest neighbor shells for the 
calculation of cell switches. The equivalent real-time kinetics of the cell switches is scaled on the 
basis of the Hoffman-Lauritzen rate theory for spherulite growth. This formulation is used to 
calculate the local transformation kinetics in terms of the switching probability of each cell as a 
function of its previous state and the state of the neighboring cells.  
The thermodynamic driving force for cell flips is the (scalar) Gibbs free energy Gt per switched 
cell associated with the transformation between the quiescent or weakly sheared melt and the 
partially crystalline solid. Configurational (capillary) thermodynamic driving forces are not taken 
into account due to the very small interface energy in such systems, i.e. curvature driven 
coarsening does not take place in the simulation (and, by practical means, also not in 
experiments). 
The actual decision about a state flip event is made by evaluating the analytically calculated local 
switching probability via a Monte Carlo step. The growth rule is scaled by the ratio of the local 
and the maximum possible interface properties, the local and maximum occurring Gibbs free 
energy of transformation, the local and maximum occurring temperature, and by the spacing of 
the grid points (cell size). The use of experimental input data for iPP from the literature [141] and 
from the group of Fulchiron [163] (see details below) allows us to make predictions on a real 
time and space scale. The transformation rule is scalable to any mesh size and to any spectrum of 
interface and transformation data. The state update of all grid points is made in synchrony, like in 
all automata [154-162]. In order to avoid confusion with the Potts model or related Ising-type 
approximations, one should stress that except for the probabilistic evaluation of the analytically 
calculated transformation probabilities, the current automaton approach is entirely deterministic. 
Artificial thermal fluctuation terms, other than those principally included through the Boltzmann 
factors, are not permitted. 
Independent variables of the automaton are time t and space x=(x1, x2, x3) (bold symbols refer to 
vector quantities). Space is discretized into an array of cubic cells. The state of each cell is 
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characterized in terms of the dependent field variables. These are the temperature field, the phase 
state (melt or partially crystalline spherulite), and the transformation and interface energies. 
The starting data, i.e. the spatial map of the melt (which corresponds to the spatial distribution of 
the Gibbs free energy of the transformation) and of the temperature field must be provided by 
experiment or theory. In the present study we assume a homogeneous distribution of the melt 
properties in order to compare the predictions with experimental data for quiescent or nearly 
quiescent melt conditions. 
The overall kinetics of the automaton result from the collective evolution of all cell switches. 
Each cell flip occurs in accord with a switching rule which determines the individual switching 
probability of each cell as a function of its previous state and the state of the neighbor cells. The 
switching rule used in this study is designed for the simulation of static crystallization of a 
quiescent or weakly sheared supercooled amorphous melt [154]. It reflects that the state of a non
−crystallized cell belonging to an amorphous region (which is in state melt) may change due to 
the expansion of a crystallizing neighbor spherulite (which is in state spherulite) which grows 
according to the local temperature, Gibbs free energy associated with that transformation, and 
interface properties. If such an expanding spherulite sweeps a non−crystallized cell the energy of 
that cell changes and it is from there on attributed to that expanding neighbor spherulite. The 
scaling procedure which assigns a real time scale to these individual cell switches is outlined in 
the ensuing sections. 
 
(ii) Rate equation for polymer spherulite growth 
It is known since the 1950`s that many polymers form chainfolded lamellar crystals from a 
solution or melt [164-169]. Most theories of polymer crystallization date back to the studies of 
Turnbull and Fisher [170] in which the rate of nucleation is formulated in terms of the product of 
two Boltzmann expressions, one quantifying the expansion of the growth interface in terms of the 
activation energy required for further molecule or block alignment steps, the other one involving 
the energy for secondary nucleation on existing crystalline lamellae. On the basis of this work 
[170] Hoffman and Lauritzen developed a more detailed rate equation for polymer spherulite 
growth under consideration of secondary surface nucleation [164]. Overviews on spherulite 
growth kinetics were given by Hoffman et al. [166], Hoffman and Miller [167], Keller [168, 
171], Snyder and Marand [172-173], and Long et al. [174].  
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The rate equation by Hoffman and Lauritzen is used as a basis for the formulation of the 
switching rule of the cellular automaton model used in this study [154]. It describes interface 
motion in terms of lateral and forward molecule or respectively block precursor alignment and 
disalignment processes at a homogeneous planar portion of an interface segment between a semi-
crystalline spherulite and the melt. It is important to note that the Hoffman and Lauritzen rate 
theory is a coarse-grained formulation which homogenizes over two rather independent sets of 
very anisotropic mechanisms, namely, secondary nucleation on the lateral surface of the growing 
lamellae (creating strong lateral, i.e. out-of-plane volume expansion and new crystallographic 
orientations) and lamella growth (creating essentially 2-dimensional, i.e. in-plane expansion and 
crystallographic orientation continuation). Although the two basic ingredients of this rate 
formulation are individually of a highly anisotropic character the overall spherulite equation 
assumes an isotropic form. This net shape isotropy comes form the fact that – although the 
crystalline portions evolve individually in an anisotropic way – the residual melt is frozen in 
between the crystalline lamellae rendering the overall shape isotropic. 
The basic rate equation is 
( ) ⎟⎟⎠
⎞
⎜⎜⎝
⎛
Δ−⎟⎟⎠
⎞
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⎛
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*
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where x&  is the velocity vector of the interface between the spherulite and the supercooled melt, 
px&  is the pre-exponential velocity vector, TΔ  the supercooling defined by TTT m −=Δ 0 , where 
0
mT  is the equilibrium melting point (valid for a very large crystal formed from fully extended 
chains, i.e. no effects of free surfaces are included), *Q  is the activation energy for viscous 
molecule flow or respectively attachment of the chain or crystalline block to the crystalline 
surface, ∞T  is the temperature below which all viscous flow stops (glass transition temperature; 
temperature at which the viscosity exceeds the value of 1013 Ns/m2), gK  the secondary 
nucleation exponent, and T the absolute temperature.  
According to Hoffman and Lauritzen and co-workers [228-230] the exponent gK  amounts to  
fB
0
e
Gk
TbK mg Δ=
σσξ  (4.2) 
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where kB is the Boltzmann constant, ξ  a constant which equals 4 for growth regimes I and III and 
2 for growth regime II [167, 175], b is the thickness of a crystalline lattice cell in growth 
direction, σ  is the free energy per area for the interface between the lateral surface and the 
supercooled melt, eσ  is the free energy per area for the interface between the fold surface where 
the molecule chains fold back or emerge from the lamella and the supercooled melt, and fGΔ  is 
the Gibbs free energy of fusion at the crystallization temperature which is approximated by 
( ) mff TTHG ΔΔ≈Δ . 
The different growth regimes, I (shallow quench regime), II (deep quench regime), and III (very 
deep quench regime), were discussed by Hoffman and Miller [167] in the sense that within 
regime I the spherulite expansion is governed by weak secondary nucleation and preferred 
forward lamellae growth. Nucleation is in this regime dominated by the formation of few single 
surface nuclei which are referred to as stems. It is assumed that when one stem is nucleated the 
entire new layer is almost instantaneously completed relative to the nucleation rate. In regime II 
the two rates are comparable. This is the normal condition for spherulitic growth. It has a weaker 
ΔT dependence than regime I. Regime III is characterized by the nucleation of many nuclei 
entailing disordered crystal growth. Nucleation is in this regime more important than growth. 
According to [169] the pre-exponential velocity vector for an interface between a spherulite and 
the melt can be modeled according to  
⎥⎥⎦
⎤
⎢⎢⎣
⎡
Δ+−= fu Gbab
Tk
b
TkJbN
σσ 2
BB0
p l
& nx  (4.3) 
where 0N  is the number of initial stems, n  the unit normal vector of the respective interface 
segment, and ul  the monomer length. J amounts to  
⎟⎠
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h
Tk
n
J
z
Bς  (4.4) 
where ς  is a constant for the molecular friction experienced by the chain as it is reeled onto the 
growth interface, zn  the number of molecular repeat units in the chain, and h the Planck constant. 
The fraction hTkB  amounts to a frequency pre-factor. These terms yield a Hoffman-Lauritzen-
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Miller type version [167] of a velocity-rate vector equation for spherulite growth under 
consideration of secondary nucleation 
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(iii) Mapping the rate equation on a cellular automaton mesh 
For dealing with competing flip events (attempted by different neighbor sites) which may address 
one and the same lattice cell in an automaton, the statistical rate equation can be formulated as a 
probabilistic analogue which allows one to calculate switching probabilities for the states of the 
automaton cells [158-159]. For this purpose, the rate formulation (equation 4.5) is separated into 
a non-Boltzmann part, 0x& , which depends comparatively weakly on temperature, and a 
Boltzmann part, w, which depends exponentially on temperature. 
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The Boltzmann factors, w, represent the probability for cell flips. According to this equation non–
vanishing switching probabilities occur for pairs of cells with different temperatures and/or 
transformation energies. The automaton considers the first, second (2D), and third (3D) neighbor 
shell for the calculation of the switching probability acting on a cell.  
 
(iv) Scaling procedure 
Cellular automata are commonly applied to matrix data which have a spatial resolution above the 
molecular scale. This means that the automaton grid has a cell size b>>λm  (where b is the 
thickness of a crystalline lattice cell in the spherulite). If a moving boundary segment sweeps a 
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cell, the spherulite thus grows (or shrinks) by 3mλ  rather than b3. Since the net velocity of an 
interface segment (between a partially crystalline spherulite and the melt) must be independent of 
the imposed value of λm, an increase in jump width must entail a corresponding drop in the grid 
attack frequency, i.e. to an increase of the characteristic time step, and vice versa. For obtaining a 
scale–independent interface velocity, the grid frequency must be chosen in a way to ensure that 
the attempted switch of a cell of length λm occurs with a frequency much below the molecular 
attack frequency (which would be of the order of the Debye frequency) which attempts to switch 
a cell of length  b. Mapping the rate equation on such an imposed grid which is characterized by 
an external scaling length (lattice parameter of the mesh) λm leads to the equation 
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where ν  is the eigenfrequency of the automaton grid which is characterized by λm.  
 
(v) Normalization of the switching probability 
The eigenfrequency given by equation (4.7) represents the attack frequency which is valid for one 
interface segment with constant properties moving in a constant temperature field. In order to 
include a larger spectrum of possible interface properties (e.g. due to temperature gradients) in 
one simulation it is necessary to normalize equation (4.7) by a general grid attack frequency 0ν  
which is common to all interfaces in the system, i.e. 
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where the normalized switching probability amounts to 
4. Mesoscale simulation of the iPP crystallization by using a cellular automaton 
 
 
 58
( )
( )
⎟⎟⎠
⎞
⎜⎜⎝
⎛
ΔΔ−⋅
⋅⎟⎟⎠
⎞
⎜⎜⎝
⎛
−−⎥⎥⎦
⎤
⎢⎢⎣
⎡
Δ+−⎟⎠
⎞⎜⎝
⎛
λ=
⎟⎟⎠
⎞
⎜⎜⎝
⎛
ΔΔ−⎟⎟⎠
⎞
⎜⎜⎝
⎛
−−⎟⎟⎠
⎞
⎜⎜⎝
⎛=
∞
∞
fB
0
e
*
BBB
m0
0
fB
0
e
*
0
exp
exp
2
expexpˆ
GTTk
Tb
TTR
Q
Gbab
Tk
b
Tk
h
Tk
n
bN
GTTk
Tb
TTR
Qw
m
fzu
m
σσξ
σσν
ς
σσξ
ν
ν
l  (4.9) 
The value of the normalization or grid attack frequency 0ν  can be identified by using the 
plausible assumption that the maximum occurring switching probability can not assume a state 
above one  
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where maxT  is the maximum occurring temperature in the system, maxTΔ  the maximum occurring 
supercooling, minσ  the minimum occurring lateral interface energy (for instance in cases where a 
crystallographic orientation dependence of the interface energy exists), maxf,GΔ  the maximum 
Gibbs free transformation energy which depends on the local temperature, i.e. 
( ) 0mmaxmaxf, TTHG ΔΔ≈Δ , and mine,σ  the minimum occurring fold interface energy. For 1ˆ max =w  
one obtains the normalization frequency, min0ν , as a function of the upper bound input data. 
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This frequency must only be calculated once per simulation. It normalizes all other switching 
processes. Inserting this basic attack frequency of the grid into equation (4.9) yields an 
expression for calculating the local values of the switching probability as a function of 
temperature and energy 
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This expression is the central switching equation of the algorithm. The cellular automaton 
generally works in such a way that an existing (expanding) spherulite infects its neighbor cells at 
a rate or respectively probability which is determined by equation (4.12). This means that 
wherever a partially crystalline spherulite has the topological possibility to expand into a 
neighbor cell which is in state melt the automaton rule uses equation (4.12) to quantify the 
probability of that cell switch using the local state variable data which characterize the two 
neighboring cells. Equation (4.12) shows that local switching probabilities on the basis of rate 
theory can be quantified in terms of the ratio of the local and the maximum temperature and the 
corresponding ratio of the interface properties. The probability of the fastest occurring interface 
segment to realize a cell switch is equal to 1. The above equation also shows that the mesh size of 
the automaton does not influence the switching probability but only the time step elapsing during 
an attempted flip. The characteristic time constant of the simulation Δt is min01 ν . 
 
(vi) The switching decision 
In the current automaton formulation competing switches (from different neighbors) which aim at 
flipping the state of one and the same cell are each evaluated in a stochastic manner. For this 
purpose equation (4.12) is at first used to calculate the probability, localwˆ , of a cell flip. The actual 
decision about a switch is then made by a Monte Carlo step. The use of random sampling ensures 
that all cells are switched according to their correct statistical weight. This means that for each 
cell the calculated switching probability is compared to a randomly generated number r which 
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lies between 0 and 1. The switch is accepted if the random number is equal or smaller than the 
calculated switching probability. Otherwise the switch is rejected. 
 
ˆr       if switch    reject    
ˆr       ifswitch    accept    
    1 and 0between  number  random
local
local
⎪⎩
⎪⎨⎧ >
≤
w
w
r  (4.13)
Except for the probabilistic evaluation of the analytically calculated transformation probabilities, 
the approach is entirely deterministic. Artificial thermal fluctuation terms other than principally 
included through the Boltzmann factors are not permitted. The use of realistic or even 
experimental input data for the interface energies and transformation enthalpies enables one to 
introduce scale. The switching rule is scalable to any mesh size and to any spectrum of interface 
energy and Gibbs free transformation energy data. The state update of all cells is made in 
synchrony, like in all automata. 
 
(vii) Scaling procedure on the basis of data for isotactic polypropylene (iPP) 
Real time and length scaling of the system enters through the physical parameters which 
characterize the polymer under investigation and through the mesh size of the automaton. The 
central scaling expression is given by equation (4.11) in conjunction with the terms given by 
equations (4.2)-(4.5). The inverse of the frequency given by equation (4.11) is the basic time step 
of the simulation during which each cell has one attempt to flip in accord with its individual local 
switching probability, equation (4.13). The current simulations use material data for isotactic 
polypropylene taken from [141] and from the group of Fulchiron [163]. The material has a 
molecular weight of 13103.180 −×= gmolM w  and a polydispersity index of )3.7( =nw MM . 
Further parameters are K4830 =mT , J/mol6270* =Q , and 25 K1050.5 ×=gK  [141]. The 
automaton cell size amounts to mμ1m =λ . 
 
(viii) Nucleation criteria 
The initial number of nuclei was taken from experimental data on iPP provided by the group of 
Fulchiron [141, 163]. The nucleation data for isothermal quiescent crystallization were obtained 
by counting the activated nuclei by numbering them on pictures which were taken through an 
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optical microscope in conjunction with a Linkam heating stage. When taken under the influence 
of weak shear flows, the corrected nucleation data had to be calculated from the experiments by 
the help of a kinetic model described in [141]. The authors calculated the density of the nuclei by 
relating the additional number of activated nuclei under the effect of flow to the first normal 
stress differences. The kinetic model predicts a continuous increase in the number of activated 
nuclei as a function of the shearing time. The density of the nuclei saturates at a plateau the exact 
value of which is determined by the magnitude of the shears imposed. For the simulations (which 
is also applied to conditions of weak flows) the initial input nucleation density was for the shear 
case calculated at a time of 100 seconds after the begin of the shear. After 100 seconds the 
nucleation density reaches a constant plateau value both under the effect of an increase in the 
shear rate and in the shearing time. Direct experimental data on enhanced nucleation numbers 
under the influence of shear flows has been rarely reported, presumably due to experimental 
difficulties [see e.g. 176]. 
 
4.3. Results and discussion 
(i) Kinetics and spherulite structure for quiescent conditions 
This section presents 3D cellular automaton simulation results of spherulite growth under 
quiescent conditions. Each simulation is based on 10 million lattice cells. The use of 
experimental input data for the Hoffman-Lauritzen scaling procedure outlined above allows us to 
compare the predictions directly with experimental observations in terms of the crystallization 
time, kinetic exponents, spherulite topology, and resulting spherulite size distributions.  
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Figure 4.1. Simulation results: (a) Simulated Avrami kinetics of the volume fraction occupied by 
spherulites (fs) as a function of time; (b) Avrami analysis for different crystallization temperatures 
between 401 K and 413 K under isothermal quiescent conditions. 
 
Figure 4.1 shows the kinetics for simulations over the range of the crystallization temperature Tc 
between 401 K and 413 K under isothermal quiescent conditions. The calculations were 
conducted with experimental data for the correct nucleation density [141, 163] for each of the 
simulated crystallization temperatures. Figure 1a shows the volume fractions occupied by 
spherulites as a function of the isothermal heat treatment time. It is important to note in this 
context that the depicted spherulite volume fraction must not be confused with the crystalline 
volume fraction, since the spherulites are two-phase aggregates consisting of heavily branched 
crystalline lamellae with amorphous chains between them. The kinetic anisotropy which is 
principally inherent in such structures at the nanoscopic scale in terms of secondary nucleation 
events on the lateral lamellae surfaces and of in-plane lamella growth [177-178] is homogenized 
at the mesoscopic scale, where the growing spherulites typically behave as isotropic spheres.  
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Figure 4.2. Comparison between experimentally obtained [141] and simulated data of half crystallization 
times for various crystallization temperatures investigated under isothermal quiescent conditions. The 
data reveal excellent agreement. 
 
The half crystallization times (Fig. 4.2) and the Avrami exponents (Fig. 4.1b, n=3.0 ± 0.1%) are 
in excellent agreement with analytical 3D results and with the data reported from experiments for 
instantaneous nucleation in polypropylene under isothermal quiescent crystallization conditions 
[141, 179]. The kinetics is expected to decrease with increasing Tc because the nucleation density 
decreases at higher Tc [141]. This tendency is well captured in Fig. 1a, i.e. the curves for higher 
values of Tc are shifted towards longer times. The half crystallization times over the entire range 
of Tc inspected (Fig. 4.2) also show good agreement with those determined experimentally by 
using different experimental techniques like DCS, rheometry and optical microscopy [141].  
 
The scatter in the data for the spherulite volumes at large times (Fig. 4.1b) (particularly above 
99% spherulite volume) is due to the fact that the simulated transformation from the melt to the 
spherulite state performed by the last cell switches becomes increasingly discrete owing to the 
changing ratio between the final non-transformed volume and the switched cells. This is coherent 
with the fact that at final stages impingement of growing spherulites affects the free spatial 
homogeneity hence affecting the isotropic growth of spherulite [180]. The relevance of the data 
predicted for the final stages of the transformation is, therefore, somewhat overemphasized and 
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should be treated with some skepticism for instance when analyzing simulated kinetical 
exponents at the very end of the transformation.  
 
Figure 4.3. Simulated spherulite microstructures for different isothermal crystallization temperatures, Tc, 
using different experimental values of the nucleation density under quiescent conditions. The various gray 
scales identify the different spherulites. a) Tc=401K, b) Tc=403K, c) Tc=405K, d) Tc=407K, e) Tc=411K, 
f) Tc=413K. 
 
The simulation results presented were obtained from three simulation runs which were conducted 
for each set of starting conditions in order to capture statistical effects arising from the Monte 
Carlo integration scheme. The results substantiate that the statistical fluctuations in the simulation 
procedure are very small. 
Figure 4.3 shows the effect of the crystallization temperature, Tc, on the final microstructure 
developed under isothermal quiescent conditions. The final size of the spherulites is increased as 
a result of the increase in Tc. This effect can be fully attributed to the decreased nucleation 
density at the higher crystallization temperatures. Figure 4.4 presents the corresponding Cahn-
Hagel diagrams for the simulations presented in Figs. 4.1-4.3. Cahn-Hagel diagrams quantify the 
ratio of the total interfacial area of all spherulites with the residual amorphous matrix and the 
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sample volume as a function of the spherulitic volume fraction. For an analytical Avrami-type 
case and at different values for Tc with different nucleation density conditions this curve assumes 
a maximum at 50% spherulite growth which is well fulfilled for the present simulations. 
 
 
Figure 4.4. Cahn-Hagel diagram for the simulations presented in Figs. 4.1-4.3. The diagram presents the 
total interfacial area between the spherulitic material and the residual melt divided by the sample volume 
as a function of the spherulitic volume fraction. 
 
Figure 4.5 shows the resulting spherulite size distributions in terms of the spherulite volumes 
over the range of Tc investigated. The diagrams use a logarithmic axis for the spherulite size 
classes and a normalized axis for the spherulite frequencies (number of spherulites in each size 
class divided by the total number of spherulites). This type of presentation allows one to compare 
the different simulation results over a wide spectrum of boundary conditions. The results were 
fitted by using a logarithmic normal distribution (solid line in each diagram) which is typically 
fulfilled for Avrami-type growth processes with site-saturated nucleation conditions. The 
comparison shows that the simulations indeed reproduce the statistical topological behavior of 
Avrami processes very well.  
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Figure 4.5. Simulated spherulite size distributions in terms of the spherulite volumes obtained from 
quiescent crystallization for different isothermal crystallization temperatures. The data are presented by 
using a logarithmic axis for the spherulite size classes and a normalized axis for the spherulite 
frequencies (number of spherulites in each size class divided by the total number of spherulites). The lines 
represent curve fits by use of a logarithmic normal distribution. 
 
The data document very well the gradual shift of the final spherulite size distributions from 
conditions with a large number of initial nuclei (Fig. 4.5a, Tc=401 K, small average spherulite 
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size) to conditions with a small number of initial nuclei (Fig. 4.5f, Tc=413 K, large average 
spherulite size). 
 
(ii) Kinetics and spherulite structure under weakly sheared conditions 
The simulations were also conducted for crystallization processes under weak flow conditions 
placing particular attention on the influence of the shear rate, 
.γ , and shearing time, Ts. As a rule 
crystallization processes under shear flows are generally accelerated compared to quiescent 
conditions, i.e. the crystallization times drop significantly when the melt is sheared. The most 
important effect in that context comes from an increasing number of nuclei under shear [141]. 
The nucleation density data for such situations can be calculated by use of a kinetic model as 
suggested in [141]. We used the data after 100 seconds of imposed shear as input data for 
studying the effect of both shear rate and shearing time in our simulations. The micrographs 
which document the experiments of Fulchiron et al. [141] suggest that at higher shear rates and 
shearing times, a different type of nuclei (row nuclei) can be observed before the formation of 
independent nuclei at larger times. Fulchiron has reported that there was no large effect of the 
shear on the actual growth rates of the spherulites.  
 
(a) Effect of the shear rate 
The effect of an increase in the shear rate imposed on a melt for a constant shearing time (Ts=10 
sec.) under otherwise isothermal crystallization conditions, Tc=413 K, is significant, both with 
respect to the resulting spherulite morphology and the overall crystallization kinetics. Since the 
literature suggests that the actual growth rate of a spherulite is not much affected by the melt flow 
[141] we did not alter the growth scaling law (see Section 4.2) for the current simulations. Instead 
we used the corresponding nucleation density data, corrected for shear as outlined above. The 
Avrami analysis is given in Fig. 4.6. As expected it shows an increase in the kinetics with an 
increase in shear rate which may be attributed to the increase in the number of available nuclei. 
The Avrami constant amounts in all cases to n=3.0 ± 0.1% which is in agreement with literature 
data [180] under flow for iPP under isothermal crystallization conditions. This observation (i.e. 
n≈3.0) also underlines that the growth rate is obviously not much affected by weak shears, but 
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only the number of available nuclei. Figure 4.7 shows the resulting microstructures for some 
selected cases. 
 
 
Figure 4.6. Simulation results: (a) Simulated Avrami kinetics of the volume fraction occupied by 
spherulites (fs) as a function of time; (b) Avrami analysis under isothermal crystallization conditions 
(crystallization temperature Tc=413 K) investigated under a constant shearing time Ts=10 s for various 
shear conditions. 
 
 
Figure 4.7. Simulated spherulite microstructures obtained under various shear rates at a constant 
shearing time of Ts=10s under isothermal conditions (Tc =413 K) for different values of the nucleation 
density. The various gray scales identify the different spherulites.  
a) shear rate =1s-1, b) shear rate=5s-1, c) shear rate=10s-1. 
 
Figure 4.8 shows the resulting simulated spherulite size distributions in terms of the spherulite 
volumes for the different shear rates. The simulated size distributions reveal the decrease in the 
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average spherulite volumes with increasing shear rates due to the increase in the nucleation 
density. 
 
 
Figure 4.8 a-d. Simulated spherulite size distributions in terms of the spherulite volumes under flow 
showing the effect of different shear rates for constant shearing times (Ts=10s) at an isothermal 
crystallization temperature of Tc=413K. The data are presented by using a logarithmic axis for the 
spherulite size classes and a normalized axis for the spherulite frequencies (number of spherulites in each 
size class divided by the total number of spherulites). The lines represent curve fits by use of a logarithmic 
normal distribution. 
 
(b) Effect of shearing time 
We also studied the effect of the shearing time at a constant shear rate of 5s-1 on the 
crystallization kinetics and microstructure by means of the 3D cellular automaton method. The 
Avrami analysis (Fig. 4.9) reveals an increase in the crystallization rate. Figure 4.10 shows the 
corresponding microstructure, revealing the reduced final sizes of the spherulites as a function of 
the increased shearing times  
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Figure 4.9. Simulation results: (a) Simulated Avrami kinetics of the volume fraction occupied by 
spherulites (fs) as a function of time; (b) Avrami analysis under isothermal crystallization conditions at a 
temperature of Tc=413 K investigated under a constant shear rate of = 5s-1 at various shearing times, Ts . 
 
 
Figure 4.10. Simulated spherulite microstructures after various shearing times,Ts , at a constant shear 
rate of 5s-1 under isothermal conditions (Tc =413 K) for different values of the nucleation density [163]. 
The various gray scales identify the different spherulites. a) Ts =1s, b) Ts=2s, c) Ts=5s, Ts=10s, Ts=20s, 
Ts=30s. 
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Figure 4.11 shows the resulting simulated spherulite size distributions in terms of the spherulite 
volumes for various shearing times. The spherulite volume is decreased due to an increase in the 
nucleation density with increasing shearing times at a constant shear rate of 5s-1.  
 
 
Figure 4.11(a-f). Simulated spherulite size distributions in terms of the spherulite volumes under weak 
shear flows showing the effect of varying shearing times under a constant shear rate of 5s-1 at an 
isothermal crystallization temperature of Tc=413K. The data are presented by using a logarithmic axis for 
the spherulite size classes and a normalized axis for the spherulite frequencies (number of spherulites in 
each size class divided by the total number of spherulites). The lines represent curve fits by use of a 
logarithmic normal distribution. 
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The simulation results substantiate that the cellular automaton model is capable of predicting the 
correct trends for both the influence of the shear rate (Fig. 4.12a) and of the shearing time (Fig. 
4.12b) on the overall crystallization kinetics when compared to experimental data from the 
literature [141]. The figures show excellent agreement for the effect of the shear rate (Fig. 4.12a), 
although deviations occur for higher shearing times (Fig. 4.12b).  
 
 
Figure 4.12. Experimentally observed [141] and simulated half crystallization times versus a) shear rates 
at a constant shearing time of Ts=10s;  b) shearing times under a constant shear rate=5s-1 at an 
isothermal crystallization temperature of Tc=413K. 
 
As mentioned above, the kinetic model used by Fulchiron et al. [141] for the calculation of the 
increase in the nucleation density under shear flows, suggests an increase in the nucleation 
density as a function of time which could result in an over-estimation of the assumed nucleation 
density. This effect might explain the fast kinetics predicted by the current automaton simulations 
when compared to the experimental data (Fig. 4.12b). The observed deviations for larger shearing 
times suggests that the kinetic model given by Fulchiron et al. [141] should be corrected with 
respect to possible higher order effects. The assumption that the nucleation densities used for the 
simulations under shear were too large is also supported by the excellent agreement between the 
experimental results of Fulchiron [141] and our simulation results under quiescent conditions 
where we used nucleation densities which were directly observed by experiment (Fig. 4.2).  
Another explanation for the deviations observed (Fig. 4.12b) could be the cumulative effect of 
the shear rate and of the shearing time on the overall crystallization kinetics as earlier suggested 
by Devaux et al. [179]. In their work the authors introduced a parameter t0,max  which was 
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suggested to describe the effects of the shear rate and shearing time on the kinetics of 
crystallization in terms of a critical dwell time. Devaux et al. [179] assumed that if the end of 
shearing occurs before some critical dwell time, t0,max, there is no effect on crystallization. 
However, if the shear was longer than t0,max, the kinetics were assumed to be slowed down.  
In that context one may assume that high shear rates lead to a drop of t0,max which, in turn, would 
slow down the kinetics as discussed above. Past the critical dwell period of t0,max the crystalline 
growth seems to begin during the period of shearing, i.e. shear-assisted nucleation is not so 
efficient anymore. The possible coalescence of nuclei, a complex coupling between the variations 
in density and the shear flow, or an increased growth rate during flow may also attribute to the 
deviations observed [179].  
 
4.4. Summary  
A 3D cellular automaton model with a Monte Carlo switching rule is critically evaluated with 
respect to its capability of reproducing spherulite growth in polymers using polypropylene as a 
material under various boundary conditions. The automaton is discrete in time and real space. 
The switching probability of the cells is formulated according to the kinetic theory of Hoffman 
and Lauritzen. It is scaled by the ratio of the local and the maximum interface energies, the local 
and maximum occurring Gibbs free energy of transformation, the local and maximum occurring 
temperature, and by the spacing of the lattice points. The use of experimental input data for 
polypropylene and the subsequent comparison with experimentally obtained results allowed us to 
conduct a quantitative validation of the model. The good agreement between simulated and 
experimental results showed that the model is capable of correctly reproducing 3D Avrami-type 
kinetics for instantaneous homogenous nucleation conditions under isothermal quiescent 
conditions and even under weak shears. Besides these basic validation issues the study aimed to 
document that the main advantage of the new model is that it can offer more microstructure 
details than Avrami-type approximations which are typically used in this field. In particular, the 
new cellular automaton method can tackle the heterogeneity of internal and external boundary 
and starting conditions which is not possible in the case of Avrami-models. The new automaton 
approach can, for instance, predict intricate spherulite topologies, spherulite size distributions, 
kinetic details, and crystallographic textures under homogeneous or heterogeneous external or 
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internal boundary conditions. Furthermore, it can be coupled to forming and processing models 
making use of local rather than only global boundary conditions. 
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5. Application of digital image correlation  
 
 
Strain-field analysis via digital image correlation (DIC), also referred to as photogrammetry, is a 
powerful tool that can be applied to map lateral strain distributions at different length scales. It 
allows a detailed investigation of complex micromechanical questions that are associated with the 
lateral distribution of the strain in heterogeneous materials. The DIC was coupled with tensile 
testing and the materials investigated were a short borosilicate glass-fibers-reinforced epoxy 
polymer composite, an isotactic polypropylene (iPP) containing different contents of natural 
wood-fibers, and a short carbon-fibers (CF) reinforced polyether(ether)ketone (PEEK) polymer 
composite.  
The materials revealed a pronounced mechanical anisotropy which depends on the alignment of 
the fibers relative to the external load. The results for strain localizations revealed a close 
relationship between the distribution pattern of the surface plastic microstrains and the 
microstructure of the materials. The magnitude of the accumulated strain was much higher than 
the applied global strain, suggesting preferred regions for plastic deformations. A quantitative 
analysis of the localized strain was used to identify the localized failure strain of the underlying 
microstructure. Scanning electron microscopy is performed on the fracture surfaces to correlate 
the failure modes of the microstructure and the localized strain accumulation. 
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5.1. Influence of fiber orientation on global mechanical behavior and strain localization  
5.1.1. Experimental  
(i) Material and tensile testing coupled with DIC 
The material studied is a multilayered cross woven composite with an epoxy resin matrix 
reinforced with approximate 35 wt% discontinuous borosilicate glass fibers (commercially 
available under name SI403240). The fibers having an average diameter of 7 µm are grouped into 
fiber bundles which are interwoven in form of a plain weave fabric. These fiber bundles have an 
ellipsoidal cross sectional shape with an average width of 400 µm and a maximum average height 
of 50 µm decreasing at the lateral ends (Fig. 5.1b). The initial sheets had the dimensions 
150×150×1 mm.  
 
 
Figure 5.1. (a) Schematics of the test specimen’s geometry with the nomenclature defined for the different 
surfaces and the used coordinate system (b) Optical micrograph showing the transverse cross section of 
epoxy resin reinforced with 35 wt% borosilicate glass fibers. The micrograph reveals the cross woven 
microstructure with biaxial fiber orientation (Ft-transverse fibers, FL-longitudinal fibers and M-bulk 
matrix).  
 
Specimens were cut in 0°, ± 45° and 90° directions relative to the orientation of the fibers. 
Tensile properties were measured in accordance with the international standards organization 
5. Applications of DIC  
 
 
 77
(ISO) [133]. A Zwick 30kN tensile testing machine was coupled with the DIC measurement 
setup [135]. In order to record the deformation during the tensile tests, images were taken using 
one camera adjusted perpendicular to the top surface of the sample. The camera (CCD-1300: 
VDS Vosskühler GmbH, Germany) feature a resolution of up to 1300 dpi and were equipped 
with lenses of 50 mm focal length with a maximum aperture of 2.8 (Schneider-Kreuznach, 
Germany). During testing, the aperture was adjusted to its minimum value of 16 to achieve a 
maximum depth of focus. The camera set-up was controlled by the ARAMIS system [134]. The 
sets of digital gray scale pictures of the surface contrast were taken every second during straining. 
These data served as input to calculate the displacement field using the DIC method. It can be 
quantified in terms of the von Mises equivalent strain given by: 
)](2/1)(3/2[ 222222 zxyzxyzzyyxxM γγγεεεε +++++=       (5.1) 
where iiε  indicates the normal strain components and ijγ  indicates the shear strain components. 
Due to the two dimensional (surface) strain analysis conducted in this study, the strain tensor 
components εz, γyz, and γzx are unknown. Details of the method and determination of the 
characteristic data are described by many authors [134-139 and 181-186] and is summarized in 
Chapter 3, Section 3.3. Hereafter for quantitative analysis of the accumulated surface strain 
(sectional and point analysis), it is referred as local von Mises strain and for the statistical 
analysis of the local von Mises strain is referred as average von Mises strain. 
Alternatively to the use of extensometers to calculate the global engineering strain ( gε ), global 
strain data can also be obtained by digital image correlation [134]. The method for that consists in 
using the displacement between two reference points upon loading. The initial length l0 of the 
region of interest and the actual length, li, after each elongation interval give the global 
engineering longitudinal strain gε  is given by: 
00)( )( llliig −=ε          (5.2)  
gε  is referred to as global tensile strain in the following. The indexes i and 0 represent the actual 
deformation stage and the reference stage, respectively. The average global tensile strain can be 
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calculated for each deformation step. For plotting global mechanical stress-strain curves, the 
strain data are linked to the corresponding global tensile stress data. 
 
Table 5.1. Summary of the parameters used for DIC procedure. 
Measured field size on the specimen surface 
in parallel length region (Fig. 5.1a)  
5 x 40 mm 
(528 x 4200 pixels)
Project parameter: Facet 
Facet size 15 pixels 
Step size (distance between centers of two facets) 7 pixels 
Project parameter: Strain 
Computation size 3 
Validity code 55% 
Strain computation method Total 
Stage parameter 
Accuracy 0.04 pixels 
Iteration limit enabled 
Residual gray scale level 20 gray levels 
Intersection deviation 0.3 
Recording image sequence 
Simple measuring mode 1 image/s 
 
 
(ii) Sample preparation for surface strain mapping 
Prior to the tensile tests the specimen surfaces were sprayed with a fine black colored acrylic 
resin based spray. This created excellent stochastic black and white contrast patterns for the 
subsequent DIC procedure. The surface quality of the original images is the most crucial factor in 
determining the quality of the results obtained by the DIC [134]. The optimum amount and size 
of spray droplets, shadowing effects, or over illumination of sample surface are important factors 
to be taken into account before start imaging sample surface. For instance, if the stochastic spot 
pattern is bigger in size, it will be necessary to keep the facet and the step size bigger and that can 
reduce the spatial resolution. Similarly the shadowing or the over illumination effects can alter 
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the gray scale levels in a facet therefore the DIC procedure unable to recognize the same facet 
causing loss of information. 
 
5.1.2. Results and discussion 
The optical micrograph of the transverse cross section of the material in Fig. 5.1b reveals the 
cross woven microstructure with the fiber orientations at 0° and 90°. Such an arrangement of the 
fibers renders biaxial symmetry to the material with respect to the applied loads. 
 
 
Figure 5.2. The coordinate system used for the tensile tests with the lines showing the fiber orientation. 
Two configurations were chosen for the testing, namely the ± 45° orientation and the 0°/90° orientation 
with respect to the tensile axis.  
 
Theoretically, the material shows maximum tensile strength when the fracture behavior is 
dominated by the reinforcing fibers with their high strength. This is the case when fibers are 
oriented parallel to the tensile axis. Identical behavior at 0° and 90° fiber orientations is 
consistent with the biaxial symmetry of the sample. Therefore, for further investigation the 
specimens with fiber orientation at 0°/90° were considered identical and were compared with the 
specimens with fiber orientation at ± 45° with respect to the tensile axis.  
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(i) Global tensile stress-strain behavior 
Figure 5.3. shows the influence of strain rate and fiber orientation on the global tensile stress-
strain behavior of the material. An increase in the strain rate from 10-4 s-1 to 10-2 s-1 showed no 
significant effect on the behavior of the material under tensile loading [187]. The change in the 
fiber orientation from 0°/90° to ± 45° with respect to the tensile axis showed a significant drop in 
tensile strength and increased ductility of the material. The material exhibited about 50% 
decrease in failure strength about and 92% increase in failure strain. This difference shows that 
the axial tensile strength is very sensitive to the fiber alignment to the external load [188].  
This anisotropic mechanical behavior of the material is explained by the fiber orientations 
effecting the load sharing mechanism. When the fibers are oriented at 0°/90°, maximum load is 
taken by the reinforcing fibers and the material shows high failure strength and low ductility. 
Usually, the polymer matrix is much weaker in strength than the reinforcing fibers. At the failure 
strength of the reinforcing fibers, the polymer matrix alone is unable to sustain the applied load 
and fails abruptly showing no plastic flow.  
However, when the fibers are oriented at ± 45° with respect to the tensile axis, the applied load is 
resolved and induces shear flow in the matrix even at the lower applied tensile load. When the 
local shear stress exceeds the shear strength of the polymer matrix, it starts flowing plastically 
and dominates the material behavior. Such plastic flow behavior of the matrix can be localized 
and is reflected as heterogeneous strain maps obtained by the DIC procedure (Figs. 5.4 and 5.5 ). 
The summary of mechanical properties derived from the stress-strain curves are summarized in 
Table 5.2. 
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Figure 5.3. Global tensile stress-strain behavior of the epoxy resin reinforced with 35 wt% borosilicate 
glass fibers at (a) different strain rates 10-4 s-1, 10-3 s-1 and 10-2 s-1 with the fiber orientation at 0°/90° and 
(b) different fiber orientations at 0°, 90° and ± 45° at a constant strain rate of 10-4 s-1. 
 
 
Table 5.2. Summary of the mechanical properties of the material showing an influence of the fiber 
orientations. 
 
Fiber orientation  
relative to tensile axis
Elastic modulus 
(GPa) 
Strength 
(MPa) 
Failure strain 
(%) 
0°/90° 43.70 355 1.65 
± 45° 2.35 211 20 
 
(ii) Qualitative analysis of the strain localizations 
The evolution of the strain at mesoscale was investigated with DIC and the influences of the fiber 
orientations at 0°/90° and ± 45° to the tensile axis were observed (Figs. 5.4 and 5.5). The strain 
distribution was calculated for the predefined area in the parallel length region of the test 
specimens (see Fig. 5.1a). For each test specimen, eight strain maps with increasing global tensile 
tensile strain are displayed. The mapped local strain is displayed in terms of von Mises strain, Mε . 
The scale range was set constant equivalent to the highest localized value in the stage just before 
the fracture.  
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(a) Fiber orientation at 0°/90° 
The evolution of the accumulated plastic von Mises strain in the predefined area in the parallel 
length of the specimens with fiber orientations at 0°/90° is heterogeneous (Fig. 5.4). The levels of 
localized strain are higher than the applied tensile strain suggesting the microstructural anisotropy 
of the material. The strain maps reveal the formation of localized strain bands which are 
correlated with the microstructure of the specimen. The uneven distribution of the matrix like at 
crossing areas of the transverse and longitudinal fiber bundles and in between a fiber bundle 
forms different regions susceptible to the uneven distribution of the deformation. The amount of 
the polymer matrix near the edges of the fiber bundles is large whereas it is smaller when the 
fiber bundles cross each other in the middle. The micrograph clearly shows the formation of such 
different regions (Fig. 5.1b).  
The transfer of the applied load and the fiber orientation is another factor which could explain the 
underlying mechanism of the heterogeneous strain accumulation. The fibers oriented parallel to 
the tensile axis are under an iso-strain condition while the fibers in the transverse direction are 
under an iso-stress condition. However, the tensile iso-strain state at the end of the fiber cannot 
correspond to the condition of an equal tensile strain. The polymer matrix constrained between 
the discontinuous fibers in a bundle and between the different layers of fiber bundles, is unable to 
transfer the tensile load instantaneously and in equivalent amount to that borne by the continuous 
fibers. Instead, the tensile force is transmitted from the matrix to the fiber by means of shear 
stresses developed at the fiber-matrix interface. It is further affected by the thickness of the 
interphase formed by the polymer matrix. 
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Figure 5.4. Heterogeneous distribution of the accumulated plastic von Mises strain showing formation of 
high and low strain domains in the test specimen with fiber orientation at 0°/90° at constant strain rate of 
10-4 s-1. The dimensions of the displacement field image correspond to the geometry of the predefined 
strain analysis region 5 x 40 mm (Fig. 5.1a). The white dotted line in the strain map marks the position of 
the sections used for the strain profiles. 
 
(b) Fiber orientation at ± 45° 
The distribution of the accumulated von Mises strain in case of the specimen with fiber 
orientation at ±45° seems quite homogeneous (Fig. 5.5) at lower applied loads. This is in 
accordance with the observation of a yield behavior (Fig. 5b). Nevertheless, with further increase 
in the applied load, possibly after the yield strain, there is transformation from homogeneous to 
heterogeneous distribution. This is very well indicated by the initiation in the formation of the 
different high and low strain regions in the strain maps in Fig. 5.5 with an increase in the applied 
load. However, this is at much higher applied load compared with the material with fiber 
orientation at 0°/90°. The initial homogenous strain pattern can be explained by an equal 
distribution of the applied load between the polymer matrix and the reinforcing fibers. 
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Figure 5.5. The accumulated plastic von Mises strain showing transformation from homogenous to 
heterogeneous distribution in the test specimen with fiber orientation at ± 45° at constant strain rate of  
10-4 s-1. The dimensions of the displacement field image correspond to the geometry of the predefined 
strain analysis region 5 x 40 mm (Fig. 5.1a). The white dotted line in the strain map marks the position of 
the sections used for the strain profiles. 
 
(ii) Quantitative analysis of the strain localizations 
In order to analyze quantitatively, the accumulated strains at the high strain domains (HSD) and 
at the low strain domains (LSD), sectional analysis and statistical analysis of the localized strain 
was performed. The influence of the fiber orientations with respect to the tensile axis is 
discussed. The position of the section along the tensile axis was selected after observing the 
localized strain in the strain map just before fracture (marked with a white dotted line, Figs. 5.4 
and 5.5). The eight curves in Figs. 5.6 and 5.7 display the evolution of the von Mises strain for 
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the strain maps shown in Figs. 5.4 and 5.5, respectively, at each level of global global tensile 
tensile strain. 
 
(a) Sectional analysis of the localized strain for the fiber orientation at 0°/90° 
Figure 5.6a shows the von Mises strain evolution profile for the specimens with fibers oriented at 
0°/90°. The accumulation of the strain is heterogeneous as indicated by the formation of periodic 
strain maxima and strain minima. These fluctuations in the curves even at lower applied strain 
show a heterogeneous distribution of the von Mises strain along parallel length of the test 
specimen. The maximum difference between the maxima and the minima is around 0.25 to 0.5 
and the profiles for the different global strain levels look similar and are merely shifted to higher 
von Mises strain values with increasing global strain. The average spacing between the 
neighboring maxima and minima is not systematic which is coherent with the heterogeneous 
microstructure of the material especially of the top surface of the material (Fig. 5.6b). These 
localized strain accumulations are probably the cumulative result of localized plastic deformation 
of the matrix and the micro-damages such as interface failure which eventually result into 
debonding, micro-cracks, coalescence and their propagation or fiber breakages.  
 
Figure 5.6. (a) Sectional analysis of the evolution of the accumulated plastic von Mises strain distribution 
along the parallel length of the test specimen with the fiber orientations at 0°/90° based on the 
displacement field data of Fig. 5.4. (b) The micrograph of the top surface of the specimen showing the 
orientation of fiber bundles at 0° and 90°.  
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(b) Sectional analysis of the localized strain for the fiber orientation at ± 45° 
Initially the evolution of the accumulated von Mises strain profile curves in Fig. 5.7a show a 
homogenous distribution suggesting equal distribution of the applied tensile deformation. 
However, it transforms into periodic strain maxima and strain minima at later stages suggesting a 
different load distribution mechanism at the ± 45° compared with the 0°/90° fiber orientation. 
The maximum difference between the maxima and the minima is around 2 to 3 which is only 
visible only at later stages of the deformation. The average spacing between the neighboring 
maxima and minima is not systematic and is coherent with the underlying heterogeneous 
microstructure as seen in Fig. 5.7b. The curves at later stages also show a coalescence of the two 
adjacent maxima thereby causing widening of such regions. This suggests the beginning of the 
localized failure of the microstructure by the coalescence and the propagation of localized 
microcracks formed due to debonding or uneven adhesion between the matrix and the fibers. The 
initiation of such behavior for the present material at fiber orientation ± 45° is ~13% von Mises 
strain that is much lower than the global failure strain of the material ~21%.   
 
Figure 5.7. (a) Sectional analysis of the evolution of the accumulated plastic von Mises strain distribution 
along the parallel length of the test specimen with the fiber orientations at ± 45° based on the 
displacement field data of Fig. 5.5. (b) The micrograph of the top surface of the specimen showing the 
orientation of fiber bundles at ± 45°.  
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(c) Statistical analysis of the localized strain 
To investigate the influence of the fiber orientation on a particular phase dominated mechanical 
behavior of the material, the elastic characteristic of a material such as Poisson’s ratio is essential. 
It requires determination of both transverse as well as longitudinal changes in the dimensions of 
the material subsequently. It is quite straightforward to deduce the values for the longitudinal 
dimensions by using conventional extensometers compared to the transverse changes. However, 
the optical technique applied in the present study can be utilized to a high accuracy to determine 
both the longitudinal elongation and the transverse contraction. The statistical analysis of the 
accumulated von Mises strains was performed by selecting the whole area in the displacement 
field data and the statistical average of the accumulated von Mises strains was calculated in both 
along both the transverse ( xε ) and the longitudinal ( yε ) axis.  
The beginning of the strain ratio curve in Fig. 4.8a in the elastic regime is at ~ 0.15) which is 
quite close to the Poisson’s ratio of the borosilicate glass fibers (~ 0.14) [189]. This suggests that 
the mechanical behavior of the composite material with fiber orientation at 0°/90°to the tensile 
axis is more fiber dominated. As soon as plastic flow starts to develop, we see a gradual decrease 
of the slope of the strain ratio curve passing through minima and then showing a saturated 
behavior in the strain-hardening region. This behavior shows that with the increase in the 
longitudinal strain there is no linear increase in the transverse strain. It indicates that there must 
be some preferred region for the localization of the applied strain which is well captured in the 
strain field maps showing formation of high strain localized bands (see Fig. 5.4). The reinforcing 
glass fibers cannot deform plastically therefore the high strain accumulated regions are formed by 
the constrained polymer matrix. 
Similar analysis was done for the test specimen with fiber orientation at ± 45° (Fig. 5.8b). The 
beginning of the strain ratio curve in the elastic regime is ~ 0.49. This corresponds to the 
Poisson’s ratio of the epoxy polymer matrix, i.e. ~0.34 [189], indicating the polymer matrix 
dominated mechanical behavior of the material. As soon as plastic flow starts, there is very sharp 
increase in the slope of the strain ratio curve passing through maxima and then showing a 
saturated behavior in the strain-hardening region. This behavior shows that with an increase in 
the longitudinal strain, there is very high increase in the transverse strain at the beginning of the 
plastic flow. It corresponds to the yield point of the material. Later in the strain-hardening region, 
the slight increase in the slope of the strain curve is consistent with the non-linear behavior of the 
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polymer matrix. The increased values of the strain ratio at later stages of the deformation show a 
high plastic flow of the material.  
Figure 5.8. Ratio of the average of the accumulated von Mises strains along the transverse ( xε  ) and the 
longitudinal ( yε ) axis of the (a) sample with fiber orientation at 0°/90° based on the displacement field 
data of Fig. 5.4 and (b) sample with fiber orientation ± 45° based on the displacement field data of Fig. 
5.5 against true tensile strain. The right Y-axis represents the true stress-strain curve to compare the 
influence of the fiber orientation on mechanical behavior of the material. 
 
5.1.3. Summary 
The presented experimental approach shows an excellent method to investigate the structural 
integrity of the material studied. The simultaneous whole-field strain measurement showed strong 
correlation between the distribution of applied deformation at mesoscale and the microstructure 
of the material. The high data point density and graphical display of the results lead to a better 
understanding of the material behavior. The underlying microstructure of the material explained 
formation of strain gradients during evolution of full-field strain fields. For instance the 
formation of localized high strain bands in the material with the fiber orientation at 0°/90° and the 
global homogeneity of the distribution of the accumulated strains in the material with the fiber 
orientation at ± 45° at lower applied loads. The levels of localized strain are higher than the 
global failure strain of the material which further shows scope of improvement in performance of 
the material by optimizing the fiber orientation to external applied loads. Further developments in 
the mapping techniques could play a very significant role not only in the improvement of the 
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technological aspects of developing stable and safe designs, but also in finding the most suitable 
applications for the different commercially available fiber reinforced composite materials. 
Experimental results can be directly compared to finite element analysis models for verification 
and updating. 
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 5.2. Influence of fiber orientation on microscopic strain localization  
The DIC method has been utilized to resolve the localization of surface strains in polymer 
composites and similar materials but optical resolution of conventional optical-setup limited its 
scope (Fig. 5.9). In this study, scanning electron microscopy (SEM) in-situ experimentation in 
conjunction with a micro-tensile testing machine is conducted to overcome the resolution limits 
of the conventional light optical digital image correlation setup. This novel combination proved 
very useful in resolving the microstrains distribution behavior of non-conductive materials such 
as polymer composites even at microscale. The results showed the mechanical heterogeneity 
generated during a sequence of subsequent deformation steps and both qualitative as well 
quantitative analysis of strain localization is discussed. 
 
 
Figure 5.9. Schematic illustration of the levels of observation for composite materials: (a) structure [93-
94, 181, and 190-194], (b) macroscale [95-96] and (c) microscale [present work]. 
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5.2.1. Experimental 
(i) Material and tensile testing coupled with DIC 
The same material was utilized as described in section 5.1.1. Test specimens were cut in 0°, ± 
45°and 90° directions relative to the orientation of the fibers to the tensile axis. In order to 
overcome the limits in the spatial resolution of optical DIC, in-situ tensile tests were conducted in 
the SEM. A micro-tensile testing machine (Kammrath and Weiss) with the capability of 1kN was 
mounted in the SEM chamber. The micro-tensile test specimens were notched in order to focus 
on a region experiencing maximum applied strain. The gray scale images were purposefully 
taken of the notch region focusing on a fiber bundle showing the different fiber orientations. The 
micro-tensile testing machine was limited to a maximum displacement of 12 mm and a maximum 
tensile velocity of 20 µm/s. The in-situ testing at higher elongations (> 25%) was limited by 
cracks forming in the gold layer which lead to charging of the sample. The same parameters were 
used for DIC procedure as described in Table 5.1 except for the measuring field. In the present 
case, it was very small with an ~500 x 700 µm. 
 
 
Figure 5.10. (a) Sample geometry (b) Optical micrograph showing the transverse cross section of epoxy 
resin reinforced with 35 wt% borosilicate glass fibers. The micrograph reveals the cross woven 
microstructure with biaxial fiber orientation (Ft-transverse fibers, FL-longitudinal fibers and M-bulk 
matrix).  
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Figure 5.11. Gray scale images of the surface showing (a) the initial pattern of perfect rectangular facet 
field (before straining) and (b) the distorted pattern of the initial facet field (after straining). The white 
streaks inclined at + 45° are the glass fibers and the big black spots are formed by the graphite-spray 
which was applied to generate the required contrast pattern. 
 
(ii) Sample preparation for surface mapping 
The surface quality of the original image is the most crucial factor in determining the quality of 
the results obtained by digital image correlation. Prior to the tensile tests the specimen surfaces 
were sputtered with a thin gold layer (thickness 10-15 nm) and sprayed with a fine black colored 
graphite spray. This created stochastic contrast patterns for the subsequent DIC procedure. 
 
5.2.2. Results and discussion 
(i) Qualitative analysis of the microscopic strain localizations 
(a) Fiber orientation at 0°/90° 
The gray scale images were purposefully taken of the notch region focusing at the cross point of 
transverse and longitudinal fiber bundles showing the fiber orientation at 0°/90°. The acquired 
gray scale images were then processed with the DIC procedure which generated the displacement 
field maps shown in Fig. 5.12. The distribution of the localized von Mises strain in the test 
specimen with fiber orientation at 0°/90° is quite homogenous (Fig. 5.12). Since the fibers are 
aligned parallel to the tensile axis, they act as the principal load bearers. Like the polymer matrix, 
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the reinforcing fibers do not deform plastically. Hence, they will not show any accumulation of 
strains. The microstructure shows various regions formed by the constrained polymer matrix 
between the fibers (Fig. 5.14b) but interestingly the displacement field does not show any higher 
accumulation of strains at these regions. This can be explained firstly by the fact that the applied 
nominal strain is still below the yield strain of the polymer matrix and secondly by the 0° fiber 
orientation, which is parallel to the tensile axis hence no shear flow of the matrix. Another 
possible explanation may be the fiber like behavior of the interphase formed by the thin layer of 
the constrained matrix between the individual fibers [92].  
 
 
Figure 5.12. The spatial distribution of the von Mises strain in a fiber bundle of the test specimen with the 
fiber orientation at  0°/90°. The global tensile strain is indicated against each displacement field map.  
 
(b) Fiber orientation at ± 45° 
The gray scale images were again purposefully taken of the notch region focusing on a fiber 
bundle showing the fibers oriented at + 45°. The accumulation of high strains is at + 45° planes 
(Fig. 5.13) which is parallel to the fiber orientation of the fiber bundle in focus. After overlaying 
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the displacement field image over the undeformed image (Fig. 5.15), it was observed that high 
strains are localized in the regions formed by the large amount of constrained polymer matrix, but 
not in the regions where the matrix amount is low. The angle of accumulated strain is in 
accordance with the shear flow induced in the constrained polymer matrix due to off-axis fiber 
orientation. The level of accumulated strain is as high as ~18% which is much higher than the 
global tensile strain. If localized modulus of the polymer matrix is known, shear strength of the 
material at different off-axis fiber orientation can be calculated. The polymer matrix near the 
surface of the glass fibers shows different properties than the bulk of polymer matrix creating an 
interphase in the region. The efficiency of the stress transfer between fiber and matrix is 
determined both by molecular interaction at their interface and by the properties of the formed 
interphase, most importantly its thickness. When the polymer matrix is present in a small quantity 
between the fibers, the thickness of the formed interphase can be equivalent to the amount of 
matrix present and it apparently behaves more like a fiber than like a polymer matrix [181]. The 
displacement maps gives clear evidence of such preferred regions of strain accumulation and the 
results confirm the theoretical predictions as well as the earlier observations by various groups 
[92 and 195-197].  
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Figure 5.13. The spatial distribution of the von Mises strain in a fiber bundle of the test specimen with the 
fiber orientation at ± 45°. The global tensile strain is indicated against each displacement field map.  
 
(ii) Quantitative analysis of the microscopic strain localizations  
(a) Sectional analysis of the localized strain 
In order to make quantitative analysis of the accumulated von Mises strain data (Figs. 5.24-5), the 
vertical sections made were made in the displacement field as shown in overlaid Figs. 5.26a-6b. 
The formation of peaks (maxima) and valleys (minima) show an inhomogeneous distribution of 
the von Mises strain along the section with fiber orientation at ± 45° (Fig. 5.26c). The peaks 
represent the high strain accumulated region formed by the polymer matrix. Similar analysis for 
the test specimen with fiber orientation at 0°/90° (Fig. 5.26d) shows no difference in the 
accumulated strains at the fiber surface or in the constrained polymer matrix as seen in strain-
overlaid image in Fig. 5.26b. The different curves show a variation of the accumulated strains 
that is quite different from the test specimen with fiber orientation at ± 45°. The maximum 
difference between maxima and minima for the test specimen having fiber orientation at ± 45° is 
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as high as 12% (Fig. 5.26c) where for the test specimen having fiber orientation 0°/90° it is 
around 0.20% (Fig. 5.26d).This is because the sections are passing through the displacement field 
data of both the fibers and the matrix. The localized strain is low at the fiber surface whereas it is 
high in the matrix regions. It is difficult to visualize the small difference in the localized 
microstrain but the sectional analysis proved to be a good tool for the quantitative analysis of the 
accumulated plastic microstrains. 
 
 
Figure 5.14. Sectional analysis of evolution of the accumulated von Mises strain based on the 
displacement field data of Figs 5.12 and 5.13. The position of the vertical sections in the test specimen 
with the fiber orientation at (a) ± 45° and (b) 0°/90° respectively. The sectional profiles of the strain maps 
shown in (c) Fig. 5.12 and (d) Fig. 5.13 respectively.  
 
(b) Point analysis of the localized strain 
A point analysis was performed in order to investigate the level and the evolution behavior of the 
localized von Mises strain at the fiber surfaces and in the polymer matrix regions. Fig. 5.15 
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shows the four different points that were chosen in the polymer matrix and on the adjacent fiber 
surface in the displacement field data of the test specimen with fiber orientation at ± 45° (Fig. 
5.13). Similar five set of points were chosen in the polymer matrix and on the adjacent fiber 
surface at different positions.  
 
 
Figure 5.15. Point analysis: Deformed image overlaid with the displacement field and the different strain 
points chosen in the polymer matrix and on the fiber surface in the test specimen with fiber orientation at 
± 45°. 
 
The beginning of the evolution curves of the accumulated von Mises strain at all the points show 
a gradual change in the slope until the level of the global tensile strain is ~0.02 (Fig. 5.16a). As 
soon as there is further increase in the global tensile strain the slope becomes sharper and sharper 
as the level of the global tensile strain approaches the level of the failure strain of the material 
(Fig. 5.16a). The change in the slope from gradual to sharp increase marks the level of the global 
tensile strain inducing localized shear flow as showed by the accumulated strain in the 
displacement field maps. Then further increase in the slope suggests the plastic-flow of this 
region with increase in the applied deformation. The increase in the slope is more significant for 
the points marked in the matrix region (solid lines, Fig 5.16a) that is consistent with its plastic 
flow behavior. Fig. 5.16b shows interesting trends of the ratio of the accumulated strain at the 
adjacent points in the matrix and on the fiber surface, i.e. 
fiber
matrix
ε
ε . All the curves show fluctuations 
in the beginning i.e. at the onset of deformation but once the plastic flow starts, it shows 
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saturation. The strain ratios higher than one indicate that the polymer matrix is the preferred 
region for the higher strain accumulation. The higher strain ratio in the beginning is explained by 
the elastic deformation of the polymer matrix between the fibers. The initial fluctuation in the 
strain ratio curve can be caused by localized failures such as the formation of micro-voids, 
debonding or just the easy stretching of the non-uniform adhesion of the interface. The little 
vibration effect caused due to the noise of the testing system can also contribute to the initial 
fluctuations. There is saturated behavior after onset of the plastic flow of preferred regions that is 
after global tensile strain ~0.02. The point analysis is an excellent quantitative method to analyze 
the structural integrity of a material and the response of the different phases of the reinforced 
composite material and the microstructure under external loads. 
 
 
Figure 5.16. Evolution of the accumulated von Mises strain at the different posits marked in the polymer 
matrix and on the fiber surface of the test specimen with fiber orientation at ± 45°.The strain points were 
chosen along the vertical section (Fig. 5.15) in the displacement field data of Fig 5.13. The (a) The 
gradual increase in the accumulation of the von Mises strain at different points in the polymer matrix and 
on the fiber surface and (b) ratio of the accumulated strain at the adjacent points in the polymer matrix 
and on the fiber surface. 
(c) Estimation of local shear angle and local shear strain 
During shear mode of deformation a facet (rectangular element), a rectangle in undeformed state 
changes into a parallelogram in deformed state. The displacements BB’ and CC’ have been 
normal to AB and AC, respectively (Fig. 5.17). The angle between AB and AC is no longer a right 
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angle as a result of deformation. Such deformation is expected to occur when the side surfaces of 
the rectangle element are subjected to shear forces [134, 195-197].  The shear strain xyγ  for an 
orthogonal set of coordinates is thus defined by the deviation from orthogonality and is expressed 
for small strain by 
xyxy θγ =          (5.1) 
Where xyθ  is the shear angle defined [183] as (Fig. 5.17b) 
yxxy θθθ +=          (5.2) 
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Where xε and yε are the strain values in x and y axis. 
 
 
Figure 5.17. Schematic illustration of shear strain resulting from relative angular displacements of 
rectangular shaped element (facet) with the 2D-space points and the defined shear angle xyθ . (a) 
undeformed state and (b) deformed state.  
 
By applying the above-defined principle, the local shear angle and the local shear strain was 
calculated at various positions in the displacement field map for the test specimen having fiber 
orientation at ± 45° (Figs. 5.18a and 5.18b, respectively). In the beginning the evolution of 
constant slope until ~0.2% global tensile strain and then followed by a gradual increase is in 
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agreement with the local Mises strain evolution behavior. By further analysis, one can deduce the 
local applied stresses and local strength of the microstructure of a material. The possibility of 
such quantitative analysis presents a future prospective for the DIC in analyzing the 
microstructural integrity of various commercial polymer composites and in any product 
development environment.  
 
 
Figure 5.18. The quantitative analysis of the (a) local shear angle and (b) evolution of the local shear 
strain for the test specimen with fiber orientation at ± 45° as a function of the global tensile strain. 
 
5.2.3. Summary 
The novel combination of in-situ tensile tests coupled with scanning electron microscopy and the 
digital image correlation method is applied to study the microstructural integrity of the material.  
The presented experimental approach proved to be an excellent method for mapping the strain 
accumulation in non-conductive materials such as a polymer matrix with reinforcing glass fibers. 
The qualitative analysis of the displacement field maps revealed preferred regions deforming 
plastically and are correlated well to the microstructure of the material. These regions were 
characterized by the large amount of matrix present between the fibers. The displacement field 
maps showed clear evidence of the resolution of the applied force by inducing shear flow in the 
material having the fiber orientation of ± 45°. The quantitative analysis showed a large difference 
between the localized microstrain and the average applied strain occurring at the interphase 
regions surrounding the fibers. Further developments in the mapping techniques at even higher 
resolutions for non-conducting surfaces could play a very significant role in defining critical 
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micromechanical parameters of these materials. It will help both in the improvement of the 
technological aspects of developing stable and safe designs and finding the most suitable 
applications for the different commercially available fiber reinforced composite materials.  
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5.3. Influence of natural fiber contents on global mechanical behavior and strain 
localization  
The use of the material as an alternative construction material requires extensive understanding of 
its micromechanical properties, which primarily define its performance. Addition of several 
additives such as coupling agents is common practice for wood fiber reinforced polymer 
composite materials because these ingredients improve the performance of these materials mainly 
by improvement of the chemical and physical interactions between the nonpolar matrix and the 
polar wood fibers. These interactions facilitate the transfer of the applied deformation particularly 
in the interphase region between the polymer matrix and the reinforcing fibers. Such localized 
changes can influence the performance of the material specially its micromechanical behavior. 
The DIC coupled with tensile testing was used to study such changes in terms of the spatial 
distribution of the accumulated plastic surface strain. 
 
5.3.1. Experimental  
(i) Material and tensile testing coupled with DIC 
The polymer matrix used was homo polypropylene (PP) from Borealis (Type HD 120 MO) with 
a melt flow index of 8 g/10 minutes at 230°C. The conifer wood fibers were selected with the 
particle sizes between 150 µm and 500 µm having a moisture content of 5% (Type BK 40/90 
from J. Rettenmaier & Söhne). The maleinated polypropylene (Orevac CA 100, Arcema) was 
used as a coupling agent. Acetylation of wood fibers was performed as described by Stallinger et 
al. [198]. Additionally the material was also modified by the various amounts of starch used as 
biopolymer and commercially important inorganic fillers. Tensile tests were performed on a 
miniaturized tensile test machine manufactured by Kammrath & Weiss GmbH (Germany) 
(Chapter 3, Section 3.1, Fig. 3.1) coupled with DIC (Chapter 3, Section 3.3, Fig. 3.2) . 
 
(ii) Manufacturing process for the materials by Profile extrusion 
The wood-PP composites (Table 5.3) containing 68 to 80% wood were produced by profile 
extrusion which was performed in direct extrusion with a Cincinnati Fiberex T58 Extruder 
(conical twin screw extruder, screw design for WPC extrusion), equipped with a Plasticolor 
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dosing system and a Cincinnati TS Fiberex force feeding system. The tool for WPC extrusion 
(sheet die) and the down stream equipment was from Greiner Extrusionstechnik.  
 
Table 5.3. Composition of the extruded profiles. The various symbols such as W represents wood, PP 
represents polypropylene, first two numeric represents the wt % of wood, the last two numeric represents 
the wt% of polypropylene, and ‘a’ after WPP7525 represents acetylation of wood. 
Material 
 
wood 
[%] 
PP 
[%] 
coupling agent 
[%] 
Starch 
biopolymer 
[%] 
inorganic 
filler  
[%] 
WPP7525 75 25 0 0 0 
WPP7525a 
(acetylated) 
75 25 0 0 0 
WPP7522 75 22 3 0 0 
WPP7512 75 12 3 10 0 
WPP8017 80 17 3 0 0 
WPP6811 68 11 3 9 9 
 
 
Figure 5.19. The schematic illustration of the geometry of a tensile test specimen and the photograph of a 
spray-coated surface of a test specimen. The area of interest for the strain analysis is marked by a 
rectangle in the parallel length region.  
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The same input parameters were used for the DIC procedure as described in the Table 5.1 except for 
the measuring field. In the present case, it was ~2.8 x 10 mm. 
 
5.3.2. Results and discussion 
(i) Global tensile stress-strain behavior 
The principal aspect of any composite-material development is to optimize the quantity and the 
influences of various constituents added in order to improve the over-all performance of the 
material. The performance can be influenced by both: the major components and the addition of 
smaller fraction constituents such as organic fillers and coupling agents. The main role of such 
small fraction constituents is to enhance the adhesion properties by modifying the interface 
between the different phases such as wood and polypropylene in the present study. The 
mechanical response of the different materials tested in this study reflects a noticeable influence 
of varying the amounts of different constituents (Fig. 5.20). 
Such microstructural changes occurring due to addition of the various fillers, which altered the 
overall mechanical response, can also influence the distribution of the applied load, as presented 
in the strain mapping Section. The probable reasons for the different mechanical behavior 
produced due to the systematic variation of different constituents are discussed below. 
 
(a) Influence of wood acetylation (WPP7525 and WPP7525a) 
Acetylation of wood is performed to improve the structural integrity by stabilizing the cell wall, 
improving dimensional stability and environmental degradation [199-201]. The transformation of 
the hydroxyl groups of hemicellulose and lignin into acetyl groups lead to a lower polarity and so 
a higher compatibility between the wood fibers and the non-polar PP matrix. Such effects 
enhance the efficiency of the interface/interphase in transferring the applied load between the 
wood and the PP in the present case [54]. Our results (Fig. 5.21) are consistent with these 
observations and showed that the acetylated wood-composite (WPP7525a) is higher in strength 
by almost 90% than the material prepared without the acetylation of wood (WPP7525). The 
higher elastic modulus (~60%) and the decreased failure strain (~20%) of the composite with 
acetylated wood result from the increased interfacial properties.  
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(b) Influence of coupling agent (WPP7525 and WPP7522) 
The mechanical response of  adding the coupling agent clearly visible both in terms of the 
increased failure strength (WPP7522, ~110%) and the decreased failure strain (~50%), Table 5.4. 
This indicates the higher effectiveness of adding the coupling agent in comparison with 
acetylation of wood. This is attributed to the different mechanisms of actions followed by the 
acetylation of wood and the addition of coupling agent. The acetylation process mainly improves 
the interfacial adhesion properties by modifying the surface properties of the wood, therefore its 
influence is more on the interface than on the interphase. The addition of coupling agent 
increases the compatibility between the hydrophilic wood material and hydrophobic matrices 
(binders) and entanglement between the PP and its molecules. This results in improved interphase 
properties and a lower strain to failure of the composite [202]. 
 
(c) Influence of wood/polymer ratio (WPP7522 and WPP8017) 
When the amount of polypropylene is decreased from 22 wt% (WPP7522) to 17 wt% 
(WPP8017), it reduces the failure strain by ~10% with corresponding decrease in the failure 
stress by ~20%. This is coherent with the theoretical observation that large amount of PP will 
form a better adhesive-network across the wood phase. However, the elastic modulus is not 
significantly influenced.  
 
(d) Influence of a biopolymer at constant wood content (WPP7522 and WPP7512) 
An additional amount of a biopolymer (starch) with decreased amount of PP (WPP7512) seems 
to improve the interfacial properties, which is displayed by the increased failure strain ~20%. The 
decreased amount of PP from 22 wt% to 12 wt% is expected to alter the adhesive network but it 
seems that addition of the biopolymer, which is an organic filler, is contributing well in the 
formation of a good interpenetrating adhesive network. This is probably because the coupling 
agent does not only improve the interphase between wood and PP but also between the 
biopolymer and the PP. This makes the material (WPP7512) more ductile resulting into the lower 
failure stress and the lower elastic modulus behavior.  
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(e) Influence of inorganic fillers (WPP7512 and WPP6811) 
Introducing inorganic filler (WPP6812) also modifies the mechanical behavior by making the 
material slightly tougher, which is characterized by the significantly decreased failure strain 
~60% and the slight increase in the elastic modulus value. 
 
 
Figure 5.20. Global tensile stress-strain behavior of the wood-polypropylene composites.  
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Figure 5.21. Summarizes the characteristic mechanical data obtained from the set of five tensile tests 
performed for each specimen, namely the elastic modulus E , the failure strain fε , the failure stress fσ  
and the Poission’s ratioυ . These values are not absolute characteristic-values of the material but are 
derived to analyze the qualitative influence of the material composition on the overall performance of the 
material.  
 
(ii) Qualitative analysis of the localized strains 
Under applied external stress, the solid materials elongate and get strained. The constitutive 
behavior i.e., the stress and strain relation generally is linear for small stresses. After reaching the 
elastic limit, the weakest parts of the sample tend to get destabilized and microscopic internal 
failures are noted. Those weakest parts often referred as nucleation centers, due to crack 
evolution around them, play a major role in the breakdown properties. In that way, the internal 
structure of the sample is damaged and the nonlinearity appears in the stress-strain behavior. 
Finally at a critical stress value, depending on the material, the amount of disorder and the 
specimen size, the macroscopic fracture occurs. Therefore, the evolution of such localized strain 
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was investigated with the DIC and the influence of varying the amount of different constituent 
was observed. The strain distribution was calculated for the predefined area in the parallel length 
region of the test specimens (Fig.5.19). For each test specimen, four strain maps with increasing 
global engineering strain gε  are displayed. The selected strain levels for WPP7525, WPP7522 
and WPP7512 are 0.3%, 0. 5%, 1.0% and the strain value just before fracture. The failure strain 
for WPP8017and WPP6811 was much smaller, therefore the selected strain levels for these 
materials are 0.02%, 0.3%, 0.6% and the strain value just before fracture. The mapped local strain 
is displayed in terms of von Mises strain Mε . The scale range was set constant equivalent to the 
highest localized value in the stage just before the fracture.  
All the materials (Fig. 5.22) in general showed a heterogeneous strain pattern with relatively even 
distribution in the form of high strain domain (HSD) and low strain domain (LSD). The high 
strain domains are more pronounced at the edges that are probably due to the propagation of 
preexisting microcracks being easier at the free edges than in the middle of the sample. This 
effect promotes the damage accumulation away from the free edges and the coalescence of the 
generated micro-voids. The micro-voids could have formed due to non-uniform adhesion or to 
the delamination of the interface. Such localized failure of the microstructure results in the 
localized accumulation of strain, which is more pronounced at the edges and well captured by the 
DIC procedure. The random orientation of HSD and LSD and their overall pattern is preserved 
with increasing global strain while the level of local strain is elevated. The merging of higher 
strain domain occurs before fracture and leads to abrupt failure of the test specimen.  
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Figure 5.22. The heterogeneous spatial distribution of the von Mises strain for the different wood-
polypropylene composites: (a) WPP7525, (b) WPP7525a, (c) WPP7522, (d) WPP8017, (e) WPP7512, and 
(f) WPP6811. The strain mapping was performed simultaneously the top surface. The global applied 
tensile strain ( gε [%]) is shown on the top of each stage. The white dotted line in the strain maps marks 
the position of section for the strain profile. 
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However, the comparison between the localized strain values clearly reflects the influences of the 
amount of PP and adding other constituents. For instance in Figs. 5.22a-b, WPP7525 and 
WPP7525a respectively, the materials shows highly localized HSD which is explained by the 
large plastic deformation of the region and supposedly due to the large amount of PP. The 
formation of such HSD could also be result of unequal dispersion of PP. As the PP contents are 
decreased (Fig. 5.22c-f), the numbers of HSD increased but with much lower levels of localized 
strain. The decreased amount of PP modifies the microstructure resulting in localized weaker 
adhesion with wood or fillers. Such regions act as nucleation points for debonding and lead to 
microvoid formation. These mesoscale micro-structural damages are more pronounced as PP 
content is decreased to 11 wt% (Fig 5.22f- WPP6811). Though addition of coupling agent and 
inorganic fillers are assumed to increase the interfacial adhesion between wood and PP, it seems 
that a certain amount of PP is necessary to form a continuous interpenetrating network 
throughout the microstructure. 
 
(iii) Quantitative analysis of the localized strains 
In order to make quantitative analysis of the accumulated strains at the high strain domains 
(HSD) and at the low strain domains (LSD), sectional analysis and point analysis was performed. 
The position of the section along the tensile axis was selected after observing the localized strain 
in the strain map just before fracture, (marked with white dotted line, Figs. 5.22). The four curves 
in Fig. 5.23 display the evolution of the von Mises strain at each level of global applied strain 
gε [%] for each test specimen. 
 
(a) Sectional analysis of the localized strain  
Figure 5.23 shows the von Mises strain evolution profile at the top surface for the strain maps 
showed in Fig. 5.22. The accumulation of the strain is heterogeneous as indicated by the 
formation of periodic strain-maxima and strain-minima. The difference between the maxima and 
the minima is not very significant during the initial stages of deformation but it is pronounced as 
the applied global strain is increased. The materials with higher content of PP (Figs. 5.23a-b) 
show a single pronounced peak indicating highly localized strain region. This is possibly because 
of the plastic flow of the region formed by uneven distribution of PP. The significant higher level 
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of localized strain also supports such behavior of localized plastic flow. The acetylation of wood 
(Fig. 5.23b- WPP7525a) does not show any significant influence in terms of strain localization. 
As the PP, content decreased number of fast growing peaks is increased as seen in Figs. 5.23c-f.  
Besides increase in the levels of localized strain, these peaks also get broadens suggesting 
coalescence of neighboring peaks. Such behavior reflects systematic progression of localized 
microstructural damage, which starts with strain localization at weaker spots such as 
interface/interphase, pores, etc. This is followed by coalescence i.e. damage accumulation and 
ultimately forming a major crack. The different constituents such as type of wood fibers, fillers, 
and the matrix itself influence the growth of such crack. The number of peaks also indicates the 
structural integrity of the material. Higher is the number of peaks higher are the weaker spots in 
the mircostructure of the material. For instance, the Figs. 5.23c-f, the number of peaks are 
increased which suggest the cumulative influences of ratio of wood/PP contents, adding the 
biopolymer, and adding inorganic filler in modifying the internal microstructure of the materials.  
 
(b) Point analysis of the localized strain  
In addition to the evaluation of the local strain profiles, we also compared the local strain 
evolution rateδ  during tensile testing by performing a point analysis. The point analysis shows 
the evolution of the von Mises strain at a single point as a function of increasing global strain. 
For every test specimen, five points were defined in domains where the local von Mises strain 
remains low (low strain domains, LSD) and five were defined in domains where the local von 
Mises strain increases strongly (high strain domains, HSD). A strain evolution rate δ  was 
defined as the gradient of local von Mises strain Mε  over the global strain gε  according to 
g
M
d
d
ε
εδ = . The values of the strain evolution rate δ are given as the slope of curves averaged out 
of the data from 5 points located in low strain domains and 5 points located in high strain 
domains on each test specimen (Fig. 5.24, Table 5.4). 
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Figure 5.23. Strain analysis for the wood/PP composite specimens along the positions marked by the 
white dotted line in the strain maps shown in Fig. 5.22. The evolution of the local von Mises strain for the 
test specimens: (a) WPP7525, (b) WPP7525a, (c) WPP7522, (d) WPP8017, (e) WPP7512 and (f) 
WPP6811.  
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Table 5.4. Average local strain evolution rates (δ) for the low strain domains (LSD) and the high strain 
domains (HSD) determined for every set of test specimens. δ is given as von Mises strain [%] per global 
strain [%] and is dimensionless. 
 
average local strain 
evaluation rate, δ  
 
 
WPP7525 
WPP7525a 
(acetylated) WPP7522 WPP8017 WPP7512 
 
 
WPP6811 
high strain domain 
(HSD) 7.11 
 
1.71 1.70 2.26 2.92 
 
4.60 
low strain domain 
(LSD) 0.36 
 
0.30 0.61 0.71 0.48 
 
0.23 
 
The point analysis for all the test specimens (Fig. 5.24 a-f) at HSD or at LSD showed the different 
strain evolution behaviors. Fig. 5.24a (WPP7525) shows the average level of localized Mises 
strain at HSD as high as 22% at the applied global strain of 2.4 %. Such high levels clearly 
indicate that these regions are formed by the deposition of the large amount of PP. The 
simultaneous average strain localized at LSD is extremely low. This reveals the heterogeneous 
deformation behavior of the different regions formed by the microstructure of the material. 
However, the decreased amount of PP and subsequent addition of fillers altered the behavior 
noticeably. For instance, in Fig. 5.24a (WPP7525) both HSD and LSD curves shows similar local 
strain evolution behavior until global strain gε  of around 0.3 % which suggests this value as 
elastic strain of the material. Nevertheless, the average localized strain at this level of global 
strain gε  is around 1%. Such localized values can play a very important role in any product 
development environment. This is not the case for other materials (Fig. 5.24b-f) where the 
evolution of both curves is different indicating initiation of internal microstructural damages even 
at very low applied global strain.  
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Figure 5.24. Point analysis of the local von Mises strain as a function of increasing global strain during 
tensile testing for the wood/PP composite specimens; (a) WPP7525, (b) WPP7525a, (c) WPP7522, (d) 
WPP8017, (e) WPP7512 and (f) WPP6811. Five points were defined in domains where the local strain 
remains low (low strain domains, LSD) and five in domains where the local strain increases strongly 
(high strain domains, HSD). The values of the local strain in every point were averaged and plotted as 
von Mises strain [%] against the global strain. The tangents were drawn at HSD curves to obtain the 
localized microstructural damage growth strain mdgε  for each material. 
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The average local strain evolution rate δ  was also calculated to analyze the rate of growth of 
such localized damaged regions (Table 5.4). Unusual high rate for WPP7525 (Fig. 5.24a) is 
because of the localized plastic flow of the regions (HSD) formed by PP. For other materials 
(Fig. 5.24b-f), the von Mises strain evolves almost linearly with increasing global strain but has 
different evolution rates for low and high strain domains. The difference between HSD and LSD 
strain evolution rates becomes significant as the global strain approaches the failure strain. The 
value of localized strain when its evolution departs from linear behavior defined as the localized 
microstructral-damage-growth-strain mdgε . It was marked at the intersection point calculated by 
drawing tangents to the change in slope of HSD curve for each of the material. This helped in 
defining the critical –failure-strain-ratio of microstructure of the material, 
g
mdg
cfsr ε
εε =  (Table 
5.5). The values of cfsrε indicated in Table 5.5 supports the above observations that the optimized 
PP contents are necessary to generate a better microstructure. The reduced PP content reduces the 
cfsrε (WPP7525 v/s WPP7522) but the difference is not very significant. The addition of inorganic 
fillers counter balances the reduced contents of PP supposedly by influencing the interfacial-
morphology of PP matrix. The content of a biopolymer increases the cfsrε (WPP7522 v/s 
WPP7512) probably due to similar influence as produced by inorganic fillers.  
 
Table 5.5. Critical failure strain ratio cfsrε determined for every set of test specimens which is defined as 
ratio of the localized microstructral-damage-growth Mises strain mdgε  [%] and global strain gε  [%] and 
is dimensionless. 
 
 
WPP7525 
WPP7525a 
(acetylated) WPP7522 WPP8017 WPP7512 
 
WPP6811
mdgε [%] 1.31 
 
1.71 1.05 1.22 0.78 
 
1.24 
gε [%] 0.76 
 
0.58 0.75 0.79 0.38 
 
0.37 
gmdgcfsr εεε =  1.72 
      
2.94 1.4 1.54 2.05 
 
      2.95 
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5.3.3. Summary 
The structural integrity of wood-polypropylene composites in terms of change in the physio-
mechanical response by systematic variation of the different constituents such as wood, 
polypropylene, coupling agent and biopolymer as filler was investigated. The overall stress-strain 
behavior of the materials and the distribution of the applied load documented by microstrain 
mapping both reflected the effects of varying constituents.  
The decreased amount of polypropylene significantly reduced ductility but substantially 
increased strength and elastic modulus of the material. The influences of the acetylation process 
of wood and adding a coupling agent are reflected by the simultaneous changes in mechanical 
strength and failure strains. At the mesoscale, the local strain patterns were found to be 
heterogeneous and corresponded well to the underlying microstructure of the material. The 
quantitative analysis of localized accumulated strain revealed the critical details of the 
microsturture behavior. The defined values of Critical-failure-strain-ratio and localized-
microstructral-damage-growth-strain suggested that contents of different phases alter the 
microstructure of a material significantly at mesoscale. 
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5.4. Influence of sterilization processes on global mechanical behavior and strain 
localization 
The use of high performance polymer composites such as polyether(ether)ketone (PEEK) 
reinforced by short carbon fibers (CF) as material for bone-implant has become a common 
practice. Sterilization is a mandatory process for such materials that are used in medical 
applications. The steam and gamma radiation sterilization processes employed in this study are at 
a sufficient level to affect the micromechanical properties of some polymer materials, particularly 
in the interphase region between the polymer matrix and the reinforcing fibers. Such localized 
changes can influence the performance of the material, especially its micromechanical behavior. 
Therefore a more detailed understanding of its micromechanical behavior is required, which 
primarily defines the in-vivo performance. In this work, DIC in conjunction with tensile tests is 
used to study the spatial distribution of the accumulated plastic surface strain in a medical-
implant grade carbon-fiber-reinforced PEEK composite. 
 
5.4.1. Experimental  
(i) Material and tensile testing coupled with DIC 
Injection moulded plaque samples of PEEK polymer reinforced with 35 wt% short CF, were 
provided by Invibio Ltd. The initial average length of the carbon fibers was 6 mm and the 
average diameter was 7µm. After compounding with PEEK and injection moulding, the average 
residual length of the carbon fibers was between 200-250 µm, which was determined by a digital 
analysis method. The dimensions of the initial sheet obtained were 150x150x4mm. The small 
sized (Fig. 5.25) test specimens were cut at 0°, ± 45° and 90° orientations with respect to the 
melt-flow direction, as illustrated in Fig. 5.26a. 
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Figure 5.25. Geometry of a tensile test specimen and images of a spray-coated test specimen from the top 
and the lateral surface. The area of interest for the strain analysis is marked as shown.  
 
Tensile tests were performed on a miniaturized tensile test machine manufactured by Kammrath 
& Weiss GmbH (Germany) (Chapter 3, Section 3.1, Fig. 3.1). In order to record the deformation 
during the tensile tests, images were taken using two digital cameras adjusted perpendicular to 
each other whereby simultaneous imaging of both the top surface and the lateral surfaces of the 
sample was possible. These data served as input to calculate the displacement field using the 
digital image correlation method. The input parameters described in the Table 5.1. were used 
except for the strain analysis field which was ~4 x 10mm in the present case. After tensile testing, 
the top surfaces of the failed samples were analyzed by a JSM 6500F JEOL scanning electron 
microscope, using standard preparation methods (Chapter 3, Section 3.2).  
 
(ii) Fiber orientation distribution  
The specimens were machined from the main injection moulded plaque in different orientation 
with respect to (w.r.t) the melt-flow direction in the mould (Fig. 5.26a). To avoid repetition of the 
same sentence ‘specimen orientation (0°, 45° or 90°) to the melt-flow’, only specimen orientation 
(0°, 45° or 90°) will be mentioned hereafter since specimen orientation is parallel to the tensile 
axis (Fig. 5.26a). The distribution mechanisms of fiber orientation during the injection moulding 
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process for both short and long fiber-reinforced composites are described in detail by several 
authors [203-207]. They generally comprise a five-tiered layered structure distinguished by 
different fiber orientation i.e. surface/shell/core/shell/surface layers (Fig. 5.26b). The preferential 
fiber orientations through the thickness of the sample are influenced by various factors such as 
interaction of the melt with the mould or the melt properties like viscosity, processing 
temperature, shearing, melt-flow patterns and injection speed. In the present study, for the sample 
preparation a single entry mould was used. Therefore, fiber orientation in the surface and the core 
layers is predominantly transverse with respect to melt-flow whereas in the shell layers it is along 
the melt-flow direction (Fig. 5.26b). The thickness of the core layer also plays a major role in 
determining the material behavior [205]. 
 
Figure 5.26. Schematic illustrations of: (a) the machined specimen orientations with respect to the melt-
flow direction in the mould during the injection moulding process. The double pointed arrow indicates the 
tensile axis parallel to the specimen orientations. The lines in the specimen schematics represent the 
predominant fiber orientation of the surface layer. (b) The cross-section showing different inherited fiber 
orientations across the thickness of the material. 
 
(iii) Sterilization treatment of the material  
We employed steam sterilization and gamma radiation sterilization on our material. An untreated 
sample was used a reference specimen. Both sterilization procedures were conducted according 
to the international standards organization (ISO) [208]. Steam sterilization was performed by 
Münchener Medizin Mechanik, Germany and involved three steam cycles of about 50 minutes 
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each. The temperature and pressure of the sterilization chamber during the process were 
maintained at 134°C and 3.115 mbar, respectively. Gamma irradiation was performed by Isotron 
Deutschland, Germany. The samples were irradiated with an affluence of 75 kGy (kilogray), 
which is 2-3 times the usual sterilisation dose employed for medical implants. The gray is the SI 
unit for the absorbed radiation dose. One gray is equal to 0.1 Joule of energy deposited in one 
kilogram of matter. Therefore, one RAD (radiation) is equivalent to 1/100 of a gray. 
 
5.4.2. Results and discussion 
(i) Global stress-strain behavior of the reference specimen 
The failure stress of the reference specimen-orientated at 0° (Fig. 5.27a) is 245 MPa which 
decreased to 177 MPa and 143.58 MPa when the specimens were oriented at 45° and 90°, 
respectively. Simultaneously the failure strain increased from 2.22 to 2.77% for the specimen 
oriented at 90° and to 2.98% for the specimen oriented at ± 45°. 
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Figure 5.27. Global tensile stress-strain behavior of the PEEK matrix composite with 35 wt% reinforcing 
carbon fibers: Reference specimen (a), Steam treated specimen (b), Gamma irradiated specimen (c) at a 
constant strain rate of 10-4 sec-1. The effects of the specimen orientation (0°, 90° and ± 45°) with respect to 
(w.r.t.) the mould were also investigated. 
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Such anisotropic mechanical performance of the sample is explained by the inherent fiber 
orientation distribution associated with the different specimen orientations with respect to the 
melt-flow direction [203-207]. For the specimen-oriented at 0°, by virtue of the flow pattern, the 
fiber orientation is assumed to be substantially transverse to the melt-flow at the surface layers 
and at the core layer whereas parallel in the shell layers ( Fig. 5.26b) [203-207]. The combined 
thickness of the surface and the core layers makes the transverse fiber orientation being the 
predominant one. In this case, the melt-flow direction and the tensile axis are parallel to each 
other but are perpendicular to the predominant fiber-orientation. This induces brittle fracture 
behavior, which is characterized by the higher failure strength (245 MPa) and the lower ductility 
(2.77 %) of the specimen-oriented at 0°. 
However, when the specimen orientation is 45° or 90°, the applied load is resolved depending 
upon the localized fiber orientations [209] and induce shear flow in the matrix even at lower 
applied tensile load. When the local shear stress exceeds the shear strength of the polymer matrix, 
it starts flowing plastically and dominates the material behavior. The observation is consistent 
with our results of the reduced strength and the increased ductility shown by the specimens 
oriented at 45° and 90° in comparison with the specimen oriented at 0°. The results are also 
coherent with similar studies by Saniee et al. [210] on glass-fiber reinforced epoxy matrix 
composites.  
 
(a) Influence of sterilization on global tensile stress-strain behavior  
The sterilization processes show no significant influence on the global tensile stress-strain 
behavior of the material (Figs. 5.27b-c) when compared to the reference specimen (no 
sterilization treatment). However, the comparison between the corresponding reference and 
steam-treated specimens oriented at 0° shows that the failure strain is decreased by almost 10% 
with slight increase in the modulus but almost no change in the failure strength. This behavior 
can be explained by the micromechanical properties of the interface/interphase region. Godara et 
al. [211] studied the influence of steam and gamma irradiations on the micromechanical 
properties of the interphase region between the carbon fibers and the PEEK matrix (same 
material as used in the present study) using nanoindentation. Their results revealed a micro-range 
(2-4µm) increase in the interphase width but no significant influence on elastic modulus and 
hardness of the region. Such a plasticization effect of higher temperature in presence of moisture 
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at the interphase region possibly influences the fiber-matrix adhesion and thereby also the 
transfer mechanism of the applied load across the interface.  
The characteristic mechanical data, namely the elastic modulus E , the failure strain fε , the failure 
stress fσ  and the Poisson’s ratioυ , were obtained from the set of five tensile tests performed for 
each specimen, (Fig. 5.28). These values are not absolute characteristic values (obtained by 
standard test methods) of the material but are derived to analyze the qualitative influence of the 
sterilization processes on the overall performance of the material.  
 
 
Figure 5.28. Mechanical properties derived from the global tensile stress-strain curves (Fig. 5.27). These 
properties are average values for each set of test specimens with their standard deviation: reference 
specimen (ref), steam treated (steam) and gamma irradiated (gamma). Angles indicate the specimen 
orientation with respect to the melt-flow in the mould, as shown in Fig. 4.26a. 
 
However, composites have some disadvantages related to the matrix-dominated properties which 
often limit their wide application and create the need to develop new types of composite 
materials. Their properties are linked to constituent properties by applying the corresponding 
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principle of viscoelasticity to the elastic problem for the composite [189]. The variation in 
Poisson’s ratio indicates a corresponding change in the elastic behavior of the specimens as a 
function of the specimen orientations and the sterilization treatment.  The increase in Poisson’s 
ratio is consistent with an increase in the elastic modulus when specimen orientation is changed 
from 0° or 90° to ± 45°. This observation suggests the influence of the melt-flow and the 
inherited fiber orientations. The sterilization treatment shows no significant influence on 
Poisson’s ratio. 
 
(ii) Qualitative analysis of strain localization  
The evolution of the strain at mesoscale was investigated with DIC and the influences of both 
sterilization methods and specimen orientations at 0°, 45°, and 90° to the melt-flow direction 
were observed. The strain distribution was calculated for the predefined area in the parallel length 
region of the test specimens (see Fig. 5.23). The injection moulding process yields a material 
with the top surface covered with a thin layer of the matrix. However, when the test specimens 
were machined to the required geometry from the sheet, the cross-section of the material was 
exposed on the lateral surfaces. This enabled to capture the bare microstructure of the material 
hence to correlate its complex microstructure with the strain accumulation. Thus, in order to 
observe the strain accumulation both at the top surface and at the lateral surface, the images of 
both the surfaces were taken simultaneously.  
For each test specimen, four strain maps with increasing global tensile strain, gε , are displayed. 
The selected strain levels are 0.27%, 0.85%, 1.44% and the strain value just before fracture. The 
mapped local strain is displayed in terms of von Mises strain, Mε . The scale range was set 
constant equivalent to the highest localized value in the stage just before the fracture.  
 
(a) Strain localization in reference specimen 
The reference specimen (Fig. 5.29) in general showed a heterogeneous strain pattern with 
relatively even distribution in the form of high strain domains (HSD) and low strain domain 
(LSD). The high strain domains are more pronounced at the edges which is probably due to the 
propagation of preexisting microcracks being easier at the free edges than in the middle of the 
sample. This effect promotes the damage accumulation away from the free edges and the 
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coalescence of the generated micro-voids. Possible reasons for the formation of the micro-voids 
could have been to non-uniform adhesion, the delamination of the interface or localized 
deformation in the matrix lying in the gaps between discontinuous fiber ends. Such localized 
failure of the microstructure results in the localized accumulation of strain, which is more 
pronounced at the edges and well captured by the DIC procedure.  
The top surface of the specimen oriented at 0° (Fig. 5.29a) shows the formation of high strain 
bands perpendicular to the tensile axis and their overall pattern is preserved with increasing 
global tensile strain ( gε 0.27%, 0.85%, 1.44%) while the level of local strain is elevated. The 
merging of higher strain domain occurs before fracture and leads to an abrupt failure of the 
specimen.  
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Figure 5.29. The spatial distribution of the von Mises strain for the reference specimen oriented at 
different directions with respect to the melt-flow direction in the mould: (a) at 0°, (b) at ± 45° and (c) 90°. 
The strain mapping was performed simultaneously for both top and lateral surfaces. The global applied 
tensile strain ( gε [%]) is shown on the top of each stage. The white dotted lines in the strain maps mark 
the position of the sections used for the strain profiles. 
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The corresponding lateral surface of the reference specimen oriented at 0° shows strain 
accumulation in the form of bands or domains oriented parallel to the tensile axis (Fig. 5.29a). 
There is almost a continuous band of high strain accumulation near both the edges. Such a pattern 
suggests that this region underwent maximum plastic deformation. The core layer (Fig. 5.26b) 
forms this region with the transverse orientation of fibers with respect to the tensile axis or the 
melt-flow direction. Furthermore, the local strain scale shows that the levels are much lower ( Mε  
2%) than the top surface strain-domains ( Mε  2.8%).  
The strain accumulation at the top surface of the reference specimen oriented at 45° (Fig. 5.29b) 
shows very low levels of peak strain values at the initial stages (till gε  0.27%). However, it 
evolves with increase in global tensile strain and forms high strain bands oriented at almost ± 45° 
to the tensile axis with much higher localized strain levels ( Mε  4.5%). The strain accumulation in 
the lateral side is relatively random with higher levels of accumulation near the lateral edges and 
the levels are equal to that of the top surface. The higher strain accumulation levels are in 
accordance with the higher localized plastic deformation of the region induced by the specimen’s 
at ± 45° and the inherited fiber orientation. This indicates the deformation of preferred regions 
resulting in higher localized strains.  
The test specimen oriented at 90° shows the localized strain bands at the top surface 
perpendicular to the tensile axis (Fig. 5.29c) similar to the test specimen oriented at 0° (Fig. 
5.29a). However, the localization is more intense and runs from one lateral edge to the other. This 
suggests that the fracture is dominated by a transverse failure of the sample. At the lateral 
surface, the pattern is random with a slight indication of strain accumulation near the lateral 
edges. The transverse strain bands at the surface (top surface) and the continuous strain bands at 
the lateral surface (lateral surface) correspond well to the initial (perpendicular) and the main 
(flow-direction) orientation of the fibers.  
 
(b) Observation of strain-localized regions at the surface of reference specimen by SEM 
Bands of higher strain accumulation at earlier stages can only indicate the possible location of the 
final fracture, because even though there are similar accumulations at several places, only one of 
them expands and leads to the final fracture. However, it is possible that the formation of such 
high strain accumulation regions can cause localized damage within the microstructure. In order 
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to observe such damage, the top and the lateral surfaces were observed using scanning electron 
microscopy (Fig. 5.30). Besides the strain localization at the main fracture point, the presence of 
several other small cracks explains the multiple high-strain localized band formation. The 
machining of the material to the required geometry can also generate artifacts, which upon 
loading act as nucleation points for the strain localization and crack propagation (Figs. 5.30a-b). 
This can cause high straining as observed in Figs. 5.29a-b. It is also possible to have damage 
beneath the upper layer of the matrix. The micrographs in Figs. 5.30c-d display such 
subsuperficial microcracks and their propagation.  
 
 
Figure 5.30. Micrographs of the top surface (a) and the lateral surface (b, c) of the reference specimen 
oriented at 0° to melt-flow and (d) the top surface of the reference specimen oriented at 90° to melt-flow. 
The dotted lines indicate the paths of the cracks.  
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(c) Influence of sterilization on strain localization 
The strain maps for the steam treated and the gamma irradiated specimens are shown in Figs. 
5.31 and 5.32, respectively. There appear to be only slight differences in the strain patterning 
caused by the sterilization processes or the test specimen orientations with respect to the melt-
flow direction when compared with the corresponding strain maps of the reference test specimen. 
Even though the strain distribution pattern is heterogeneous, the level of the localized strain is 
high as shown by the adjacent von Mises scale. This can be due to nano-scale changes caused at 
the interphase region by the sterilization processes [211]. These nano-scale changes can alter the 
adhesion properties between the fiber surface and the PEEK matrix and thus the deformation 
response of the interphase region as well as the debonding mechanism. The strain pattering is 
more intense when the sterilized test specimens-oriented at 0° was observed from the lateral side 
(Figs. 5.31a and 5.32a, lateral surfaces).  
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Figure 5.31. The spatial distribution of the von Mises strain for the steam treated specimen oriented at 
different directions with respect to the melt-flow direction in the mould: (a) at 0°, (b) at ± 45° and (c) at 
90°. The strain mapping was performed simultaneously for both the top and the lateral surfaces. The 
global applied tensile strain ( gε [%]) is shown on the top of each strain map. The white dotted lines in the 
strain maps mark the position of the sections for the strain profiles. 
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Figure 5.32. The spatial distribution of the von Mises strain for the gamma irradiated specimen oriented 
at different directions with respect to the melt-flow direction in the mould: (a) at 0°, (b) at ± 45° and (c) at 
90°. The strain mapping was performed simultaneously for both the top and the lateral surfaces. The 
global applied tensile strain ( gε [%]) is shown on the top of each stage. The white dotted lines in the 
strain maps mark the position of the sections for the strain profiles. 
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The qualitative analysis of the localized strain presented by the strain maps indicates an influence 
of sample orientation to the melt-flow direction on the distribution of the applied deformation. 
Therefore, overall structural performance of a material can be enhanced by its careful alignment 
with respect to melt-flow direction and loading axis.  
 
(iii) Quantitative analysis of strain localization 
In order to quantitatively analyze the accumulated strains at the high strain domains (HSD) and at 
the low strain domains (LSD), sectional analysis and point analysis was performed both at the top 
surface and at the lateral surface. The influence of the test specimen orientations with respect to 
the melt-flow is also discussed. 
The position of the section along the tensile and the transverse axis was selected after observing 
the localized strain in the strain map just before fracture (marked with a white dotted line, Figs. 
5.29, 5.31 and 5.32). The four curves in Figs. 5.33, 5.34 and 5.35 display the evolution of the von 
Mises strain at each level of global applied tensile strain ( gε [%]) for each specimen.   
 
(a) Sectional analysis of localized strain in reference specimen 
Figures. 5.33a-b show the von Mises strain evolution profile at the top and the lateral surface 
respectively, for the reference specimen oriented at 0°. The accumulation of the strain is 
heterogeneous at the top surface as indicated by the formation of periodic strain maxima and 
strain minima. The maximum difference between the maxima and the minima is around 1%. The 
profiles for the different global strain levels look similar and are merely shifted to higher von 
Mises strain values with increasing global strain. The average spacing between the neighboring 
maxima and minima is not systematic which is coherent with the heterogeneous microstructure of 
the material. These localized strain accumulations are probably the result of localized micro-
damages such as interface failure which eventually result into debonding, micro-cracks, 
coalescence and their propagation or fiber breakages. This becomes obvious in the top surface 
images the reference specimen taken with SEM shown in Fig. 5.30. The wider strain-maxima 
formed by the merging of the neighboring maxima and minima supports well such localized 
microstructure failures as seen in Fig. 4.33a. The strain evolution profile at the lateral surface 
(Fig. 5.33b) is very different from the top surface. Instead of forming periodic high and low strain 
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domains, it is continuous throughout the cross-section showing a slight tendency towards higher 
strain accumulation near the lateral edges of the cross-section. Such a difference in behavior of 
the strain accumulation is consistent with the dominating trends of the fiber orientation at the top 
surface and at the center.  
 
Figure 5.33. Strain analysis for the reference specimen along the positions marked by white dotted lines 
in the strain maps shown in Fig. 5.29. The simultaneous evolution of the local von Mises strain for the top 
and the lateral surfaces is shown as a function of the test specimen’s orientations to the melt-flow 
direction in the mould: (a) and (b) for the orientation 0° at the top and at the lateral surfaces, (c) and (d) 
for the orientation ± 45° at the top and at the lateral surfaces and (e) and (f) for the orientation 90° at the 
top and at the lateral surfaces, respectively.  
 
The difference between the strain profiles of the reference specimen oriented at different angle to 
the melt-flow is not very significant. The strain profiles show that the highest accumulated strain 
was for the test specimen oriented at ± 45° (Figs. 5.33c-d) which is ~4.25% for both the top and 
the lateral surfaces. The test specimen oriented at 90° (Figs. 5.33e-f) showed ~4% at the top 
surface and 3.3 % for the lateral surface. The higher failure strain for the test specimen oriented at 
± 45° explains a higher localized strain at these areas (Fig. 5.28).  
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(b) Sectional analysis of localized strain after sterilization  
The influence of sterilization on the localized accumulation of strains was not at all significant 
(Figs. 5.34 and 5.35). The evolution pattern of the strain profiles is very similar to the one of the 
reference specimen. The magnitude of accumulated strain is also comparable for both the top and 
the lateral surfaces. 
Figure 5.34. Strain analysis for the steam treated specimen along the positions marked by the white 
dotted lines in the strain maps shown in Fig. 5.31. The simultaneous evolution at the top and the lateral 
surfaces is shown as a function of the test specimen’s orientations to the melt-flow: (a) and (b) for the 
orientation 0° at the top and at the lateral surfaces, (c) and (d) for the orientation ± 45° at the top and at 
the lateral surfaces and (e) and (f) for the orientation 90° at the top and at the lateral surfaces, 
respectively.  
 
The only noticeable feature is the formation of a single strong maximum in Figs. 5.34a and 5.35e 
and the strain profiles show that they were initiated at a very low applied global strain. This 
indicates a micro-damage at low applied global strain and suggests some potentially localized 
influence of the sterilization treatment on the microstructure, but more statistical data would be 
required to ascertain this. However, such localized spots do not necessarily mark the position of 
the final failure which can be concluded after following the evolutions of such spots at different 
tests. Similar observations were also reported by Sachs et al. [185] in their experiments on strain 
localization in lobster cuticle.  
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Figure 5.35. Strain analysis for the gamma irradiated specimen along the positions marked by the white 
dotted lines in the strain maps shown in Fig. 5.32. The simultaneous evolution at the top surface and the 
lateral surface is shown as a function of the test specimen’s orientations to the melt-flow: (a) and (b) for 
the orientation 0° at the top and at the lateral surfaces, (c) and (d) for the orientation ± 45° at the top and 
at the lateral surfaces and (e) and (f) for the orientation 90° at the top and at the lateral surface, 
respectively.  
 
5.4.3. Summary 
Both sterilization processes showed only marginal effects on the overall tensile stress-strain and 
on the strain localization behavior of the material. These effects were shown to be fiber 
orientation related. Steam sterilization has a greater effect on the mechanical response than 
gamma, leading to a slight increase in tensile strength and a slight reduction in elongation at 
break, which is assumed to be related to heating close to the glass transition temperature of the 
material. At the mesoscale, the local strain patterns were found to be heterogeneous and 
corresponded well to the underlying microstructure of the material. The formation of high and 
low strain rate domains and their number and orientation are related to underlying fiber 
orientation. The occasional sudden rise in the values of localized strain indicated by the 
quantitative analysis is possibly due to the localized modification induced in the microstructure. 
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Such modified regions undergo large deformations and potentially act as nucleation sites for 
crack growth which eventually leads to structural failure. 
. 
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6. Influences of sterilization on the micromechanical properties  
 
 
The steam and gamma radiation sterilization processes employed in this study are at sufficient 
levels to effect the micromechanical properties of some polymer materials, particularly in the 
interphase region between the polymer matrix and the reinforcing fibers. Nanoindentation and 
nanoscratch tests are used in this work to reveal local gradients in the hardness and the elastic 
properties of the interphase regions. Both methods help to explore microscopic changes in the 
hardness, reduced stiffness, and scratch resistance in the interphase region and in the bulk 
polymer matrix due to the different sterilization processes employed.  
 
6.1. Experimental  
(i) Material and the sterilization treatment 
The same composite material i.e. polyether(ether)ketone (PEEK)reinforced with 35 wt% short 
carbon fiber (CF) (Chapter 5 in Section 5.4.1) was also utilized for the present work. The 
sterilization processes employed were steam sterilization and gamma radiations (Chapter 5 
Section 5.4.1.). 
 
(ii) Specimen surface preparation  
The polishing step is crucial for a proper evaluation of the interface properties. A cross-section 
area (4x10mm) of the specimens was polished according to the polishing protocol shown in 
Table 6.1 by Cloeren Technology, Germany. Careful attention was paid to the alignment of the 
sample so that the longitudinal, or fiber, direction was perpendicular to the surface to be polished. 
The specimens were mounted in a two-part epoxy and cured overnight. In order to obtain the best 
possible polished surface, the epoxy was mixed extensively until a homogenous state was 
achieved. The air bubbles were removed by keeping the mounted sample in a vacuum chamber 
before overnight curing. Excess epoxy was removed prior to polishing. The polishing procedure 
involved series of silicon carbide (SiC) sand paper from 600-1200 grit and a special polishing 
pad requiring aluminum pastes and suspensions. 
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Figure 6.1. Optical micrograph of the polished surface of the reference specimen (not subjected to any 
sterilization treatment) indicating some of the misaligned and damaged fibers. 
 
Table 6.1. Polishing protocol to prepare the surface of the test specimens (Cloeren Technology).  
 Grinding (G) Grinding (G) Polishing I (F) Final Polishing II (F) 
Substrate SiC- Paper Sic- Paper PT AlOx PT Chem 
G/F-Material SiC SiC Aluminum oxide OxyPol 
Grain Size 600 1200 --- 50nm 
Lubricant water water --- --- 
Rotation 300 300 150 150 
Force 25 N 25 N 25-30 N 15 N 
Time until planar surface 1 minute 3-5 minutes 1-2 minutes 
 
(iii) Nanoindentation test protocol 
The nanoindentation tests were conducted in a load-controlled mode with a Berkovich indenter. 
A triangular loading-unloading function with a maximum peak load of 70 µN was applied. The 
peak load was achieved within 5 sec and was removed again in 5 sec without any holding time, 
Fig. 6.2b. The indent pattern of 1 x 50 indents (one line of 50 indents) was chosen in such a way 
that it covered the carbon fiber and the matrix present on both sides of the fiber, Fig. 6.2a. 
Simultaneously the displacement of the indenter was measured to give a load-displacement curve. 
In order to avoid overlapping of the plastic zones created by neighboring indents, the optimal 
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distance between them was evaluated by performing indentation tests at a peak load of 70 µN 
with different adjacent spacings between the successive indents. Thereafter, the width of the 
indentation marks was obtained by in-situ scanning probe microscopy (SPM) topographic 
images, Fig. 6.3. The images were recorded using an in-situ imaging mode provided by the 
TriboIndenter (Hysitron). In its in-situ imaging mode the TriboIndenter utilizes the indenter 
stylus with a small static force to scan the surface like an atomic force microscope (AFM) 
operating in contact mode. As a result, small features in the scan can be addressed with a high 
positioning accuracy.  
In the present study the total width of the plastic zone, indicated by the pile-ups around an indent 
was around 0.35 µm. Hence, the successive indents were separated by 0.5 µm. There is no 
indication of a plastic zone overlapping at the applied peak load. The experiments were repeated 
several times for each specimen at several positions of similar matrix/fiber arrangements. For the 
calculation of both the elastic modulus and the hardness from the load-displacement data, the 
indenter contact area-function was derived from indentation tests conducted before on a quartz 
standard sample. 
 
(iv) Nanoscratch test protocol 
A nanoscratch test is performed by moving the indenter tip while it is in contact with the sample 
surface as outlined in detail above. The used Berkovich indenter was oriented with one of its 
sharp edges pointing into the scratch direction. Thereby, the indenter tip scratches the sample 
surface more evenly. The applied peak load of 100 µN was achieved within 5 sec, and after 
conducting a scratch of 10 µm at a speed of around 0.33 µm/s, it was removed again during 5 s, 
Fig. 6.2d. The scratch length at peak load was limited to about 10 µm starting from the matrix 
and ending at the fiber surface. Hence, it was not possible to investigate the matrix/fiber 
interphase regions on both side of a single fiber in the course of one scratch experiment. The 
experiments were repeated several times for each specimen at different positions of the 
matrix/fiber arrangement. 
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Figure 6.2. Scheme of the nanoindentation test protocol displaying (a) a nanoindentation pattern of 1×50 
indents with each of the successive indents separated by 0.5 µm and (b) the triangular loading-unloading 
function with 70 µN as peak load and 5 sec each for both loading and unloading without any holding time. 
The nanoscratch test protocol displaying (c) the scratch path covering a part of the carbon fiber surface 
and of the PEEK matrix and (d) the scratch test loading-unloading function with 100 µN maintained as 
peak load during a scratch path of 10 µm. 
 
 
Figure 6.3. Surface topography of the reference specimen (no sterilization treatment) of the carbon fiber 
reinforced PEEK composite (a) after nanoindentation testing showing a line of indents in the matrix (b) 
after nanoscratch testing showing the scratch path in the matrix.  
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6.2. Results  
(i) Nanoindentation results 
The representative load-displacement curves obtained from the indentation tests performed at 
maximum peak load of 70 µN for the reference specimen are illustrated in Fig. 6.4. Based on the 
indentation depth values, the different regions are schematically indicated on top of the curves in 
Fig. 6.4. The indentation depth values range from 20 nm for the fiber region to 85 nm for the bulk 
matrix region. The carbon fibers exhibit almost identical loading-unloading paths whereas the 
matrix region showed significantly different paths through the formation of a hysteresis loop. 
This hysteresis behavior is explained by the viscoelastic recovery due to the relaxation of elastic 
strains with the matrix. The few curves at intermediate indentation depth represent the transition 
region formed by the matrix around the carbon fibers estimated as the interphase. The properties 
of the interphase region also seem to vary as indicated by the scatter of the curves in this region. 
A similar pattern of the load-displacement curves was observed for both the steam treated and the 
gamma irradiated test specimens, but with slightly different indentation depth values in the 
different regions (fiber, interphase zone, bulk matrix).  
 
 
Figure 6.4. Some representative load-displacement curves displaying the micromechanical behavior of 
the reference (no sterilization treatment) carbon fiber reinforced PEEK composite during nanoindentation 
performed at a peak load of 70 µN. 
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For further quantitative analysis of the micromechanical properties, the hardness and the reduced 
elastic modulus values as calculated by the Oliver and Pharr method [140] are plotted against the 
indentation path, Fig. 6.5. The micromechanical behavior of the reference specimen is shown in 
Fig. 5a. The different regions are defined according to the values of the reduced elastic modulus, 
which range from 4 GPa to 12 GPa and the values of the hardness, which range from 0.1 GPa to 
0.3 GPa. The sites with low hardness and low modulus indicate the matrix region whereas the 
higher values reveal the position of the fiber surface. There is ~20-30% fluctuation in the values 
at the fiber regions for all the specimens (Figs. 6.5a-c), which is due to the roughness of the fiber 
surface. The final polishing step was performed using a paste consisting of 50 nm wide abrasive 
particles which generated a level of roughness of 10-15 nm and formed a ridged surface i.e. 
formation of ‘peaks and valleys’. The influence of such nano-scale roughness is more 
pronounced when the indentation depth is of the same order, which is in the fiber regions in the 
present study. The location of the interface i.e. of the actual fiber edge is identified by the sudden 
increase in the hardness and the reduced elastic modulus. It is referred to as estimated interface in 
Fig. 6.5a. A similar analysis was performed for the steam treated and the gamma irradiated 
specimens as displayed in Figs. 6b and 6c, respectively.  
The zones identified as interphase regions show different values in the mechanical properties, 
namely slightly higher ones than the matrix but much lower ones than the fibers. The interphase 
width for the reference specimen has an extension of ~0.7 µm which is almost similar to the 
width of the interphase zone observed for the steam treated and for the gamma irradiated 
specimens. The steam treated specimen shows the interesting trend of an increased value of the 
reduced elastic modulus near the estimated interface indicating a modification in the properties of 
the PEEK matrix in this region.  
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Figure 6.5. Indentation response showing the reduced elastic modulus and the hardness of the 
matrix/fiber arrangement for the reference specimen (a, b); the steam treated specimen (c, d) and the 
gamma irradiated specimen (e, f). The dotted lines marked as “estimated interface” indicate the transition 
between the matrix and the fiber regions.  
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(ii) Nanoscratch results 
The nanoscratch tests provide a qualitative measure for the friction properties at the surface. The 
method which was described in detail by Hodzic et al. [214-215] is adopted in the present study 
for the analysis of scratch paths. The test proceeds by recording the depth profile and the 
coefficient of friction while the indenter tip is scratching over the surface. 18 different scratch 
cycles were conducted in order to achieve meaningful statistics as illustrated schematically in 
Fig. 6.2c and as documented in the surface topography in Fig. 6.3b. The data obtained for the 
different scratch paths were very similar so that for the sake of clarity only one representative 
scratch path for each test specimen will be discussed in detail in this study.  
The penetration depth is determined by the contact length between the leading edge of the 
indenter tip and the material indented. It is influenced by various factors such as the hardness, the 
modulus, and the wear resistance of the material being scratched. In Fig. 6.6 following the scratch 
direction from the matrix towards a fiber surface, all the curves show a deviation from their 
normal path indicating a change in the properties of the scratched material. The tangents of the 
slopes of the deviations in the friction coefficient in the vicinity of such interfaces were used to 
identify the micromechanical transition regions. Based on the intersection points between two 
tangents (constant level outside of the transition zone, slope within the transition zone, see Fig. 
6.6), different regions were identified on the scratch path revealing the micromechanical 
characteristics of the material in the vicinity of the fibers.  
Figure 6.6a shows the scratch response of the reference specimen which was not treated by a 
sterilization process. Following the scratch direction in Fig. 5.6a, a high indentation depth can be 
observed outside of the transition zone, as expected, indicating the softer characteristics of the 
matrix. This observation is in good agreement with the high coefficient of friction in the same 
region. At this stage the indenter is still moving entirely within the matrix region. After that there 
is a departure from the normal depth profile which indicates a change in the material properties. 
This Point is marked as D on the abscissa along the scratch path. Tangent a was drawn to indicate 
the change in the slope of the depth profile. As the indenter moves further towards the actual 
interface between fiber and matrix, the gradual decrease in the penetration depth is followed by a 
very steep decrease in the penetration depth with a very sharp change of the slope indicated by 
tangent b. The gradual decrease in the penetration depth indicates a gradient in the 
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micromechanical properties whereas the large decrease and the sharp change in slope suggests 
that the indenter came into contact with a very hard surface.  
Based on the corresponding data for the coefficient of friction, the edge of the fiber surface may 
be assumed to be the reason for such a sharp transition in the slope of the depth profile. Hence 
this position was marked as the estimated interface between the fiber and the matrix. The tangent 
c indicates the slope of the depth profile in the fiber region. All tangents were extrapolated and 
the intersection point of tangents a and b was marked as Point E on the scratch path while the 
intersection point of tangents b and c was marked as Point F which is referred to as the estimated 
interface. Based on the analysis described above, Points D, E, and F on the scratch path provide 
very useful information about the positions of the micromechanically relevant zones in the 
composite material relative to the local microstructure. On the right side of Point D the indenter 
was moved entirely in the bulk matrix, while between Points D and F it still moved in the matrix 
but showed a different behavior. The continuous change of the slope between Points D and F 
further suggests a transition of properties in this zone. The total thickness of this transition zone 
(Wtrans) is referred to as interphase region according to the definition given above. Point E divides 
this zone into regions Inthard and Intsoft. The region Inthard (hard interphase) is formed by the 
chemical coating of the fiber surface and the matrix very close to it (zone between Points E and 
F). The region Intsoft (soft interphase) is formed by the matrix zone between Points D and E 
which is abutting to the bulk matrix [216-217]. 
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Figure 6.6. Scratch profile analysis [216] of the matrix/fiber arrangement in the PEEK/CF composite for 
(a) the untreated reference specimen, (b) the steam-treated specimen and (c) the gamma irradiated 
specimen at the constant applied load of 100 µN. The dotted tangent lines a, b and c mark the changes in 
the slopes of the depth profile in the different regions. The Points D, E, and F mark different regions along 
the scratch path. These are (i) the fiber surface (region left of Point F); (ii) the hard interphase region 
formed by the chemical coating of the carbon fiber surface and the matrix, Inthard (between Points F and 
E); (iii) the soft interphase region formed by the modified morphology of the matrix, Intsoft (between Points 
E-D); and  (iv) the bulk matrix right of Point D. The coefficient of friction, μ , is determined from the 
ratio of the lateral force, LF , (tangential force) and the normal force, NF , at the constant applied load of 
100 µN. 
 
The response of the steam treated and of the gamma irradiated specimens is shown in Figs. 6.6b 
and 6.6c, respectively. Although the various curves are basically similar the influence of the 
sterilization treatment can be best observed in terms of the change in the slopes of the depth 
profiles. Based on the different regions marked on the scratch path, the estimated thickness of the 
interphase region for the reference specimen is ~3 µm. For the gamma irradiated specimen it 
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showed a slight change and increased to ~3.8 µm whereas for the steam treated sample it 
amounted to ~5.3 µm, Fig. 6.7.  
 
 
Figure 6.7. Estimated thickness of the interphase region determined by the nanoscratch testing. The 
comparison with the effective interphase thickness, WInt, is also shown.  
 
6.3. Discussions 
(i) Hardness 
The average values of the elastic modulus (~3.5 GPa ) and hardness (~0.12 GPa) of the bulk 
matrix-region for the sterilized specimens are very similar to the respective values observed for 
the reference specimen (Fig. 6.5). This fact indicates structural stability of the material at the 
nanoscale under the employed sterilization methods. Consequently, similar observations may be 
expected for the overall mechanical behavior of the material. It is difficult to estimate the width 
of the interphase region by nanoindentation experiments based on the hardness values of the 
region. However, overall trends of the hardness results are in accordance with previous studies, 
i.e. they display a significant influence of the hard fiber surfaces on the morphological properties 
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of semicrystalline polymers when they are in contact with a solid surface while solidifying [89, 
219-221]. This is explained by the cumulative influence of the enhanced rate of nucleation during 
the crystallization process and the parallel alignment of polymer chains along the solid surfaces 
provided by the fibers embedded. The localized enhancement in the rate of nucleation reduces the 
final size of the crystalline spherulites in the vicinity of the fiber surfaces which modifies the 
morphological properties of the matrix in that region. This modified morphology influences both 
the adhesion between the carbon fibers and the PEEK matrix as well as the micromechanical 
properties [218-221]. The presence of fibers can also impose restrictions to the normal plastic-
flow deformation mechanism of the matrix, hence inducing an artificial increase in the hardness 
values within the proximity of the fiber surface.  
 
(ii) Interphase 
The morphologically modified matrix with additional effects of chemical bonding and inter-
diffusion at the interface forms the interphase. The thickness of this interphase region depends on 
many factors such as the properties of the matrix, fiber surface, rate of solidification, fiber 
content, and fiber surface coating (also referred to as sizing) [218-221]. The change in the width 
of the interphase region inferred from the scratch tests suggests that the sterilization processes 
probably further induces morphological changes in the state of the matrix, Fig. 6.8. As explained 
by Hodzoic [214-215], the formation of the interphase region between phenolic resin and glass 
fibers is a cumulative effect of the inter-diffusion process and of the chemical bonding between 
the fiber surface and the polymer matrix both, at the interface and the interphase regions.  
Elevated temperatures and enhanced pressure in the presence of moisture, during the steam 
sterilization process, probably promotes further chemical bonding and higher inter-diffusion 
rates. These effects would entail an increase in the size of the interphase. Such an increased inter-
diffusion zone can also generate a transition in the interphase region with a harder zone in the 
area next to the fiber and a softer one more remote from it. Our observations in that context are in 
accordance with similar behavior observed before in a silane treated glass fiber-polyester 
interphase system studied by Hodzic et al [215]. Figure 8 gives a schematic illustration of the 
modification in the polymer matrix properties surrounding a chemically coated fiber. Such 
modifications are the result of interpenetration of the chemical and the matrix under the influence 
of sterilization processes or under other environmental exposure [215,222]. The results of gamma 
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irradiation are consistent with previous studies of UV irradiation environmental ageing conducted 
by Nowicki et al. [112] performed on thin films of polyvinyl chloride, polyethylene oxide, and 
polyacrylic acid. 
 
 
Figure 6.8. Schematic illustration of (a) a fiber-matrix arrangement (b) a fiber coating and sharp 
interface at fiber-matrix interface (c) a diffused interface between matrix and fiber coating causing an 
increase in the interphase thickness [215,222]. 
 
(iii) Factors influencing the results 
Although the results of the indentation and scratch tests are partially in agreement and provide 
both separately a detailed insight into the three main micromechanically relevant zones in the 
composite (fiber, interphase zone, bulk matrix). Some experimental factors shall be discussed in 
the following which may be responsible for a certain scatter in the data and also for some of the 
deviations observed between the two types of tests. Starting from the sample preparation to 
performing the final experiments, if one considers all the different factors involved during the 
tests, such as roughness of the surface, microstructure inhomogeneity, the exact location of the 
indentation and scratch paths, the final results may vary quantitatively. The following sections 
address some of these aspects in more detail. 
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(a) Surface roughness 
The two important goals when polishing the specimens prior to the mechanical tests are first, to 
introduce very little interfacial stresses which may cause premature interfacial cracking and 
artificial surface hardening effects, and second, to produce a very flat surface with negligible 
relief effects between fiber and matrix. However, it is conceivable that during such a procedure a 
fiber is cracked or crushed if it is raised above the surface. Such effects were indeed observed as 
documented by the optical micrograph shown in Fig. 6.1. The final surface polishing was 
conducted by using a 50 nm wet diamond suspension which leads to a roughness of the sample 
surface of around 10-15 nm indicated by surface topography analysis, Fig. 6.3. As shown in 
earlier work [214] such tiny roughness values can produce a scatter of ~10-15% in the 
mechanical data obtained from nanoindentation testing, which is in accordance with our results. 
For instance Desaeger et al. [223] showed a 40% difference in the debonding loads by simply 
changing the polishing procedure for the carbon fibers and the different thermoplastic and 
thermoset polymer matrices such as epoxy, polypropylene, and polyamide. 
 
(b) Microstructure inhomogeneity 
The random fiber orientation also plays an important role in this study since this effect renders 
the microstructure inhomogeneous. For instance, in the indentation tests, the scatter in the 
hardness values obtained in the matrix regions far away from the fiber surface inspected may be 
probably due to presence of other fibers underneath the matrix surface. Due to the thickness of 
the material and the stochastic spacing between the randomly oriented fibers, overlapping of the 
interphase regions is another issue to consider before aiming at drawing quantitative conclusions. 
Therefore, in the scratch tests, the test regions (fiber/matrix arrangement) were chosen very 
carefully to avoid any constraint influences caused by the presence of other surrounding fibers, 
but the effect cannot be completely ruled out. 
 
(c) Indenter Geometry 
The thickness of the transition zone which is estimated as the interphase region between the 
carbon fiber and the PEEK matrix does not only reflect the actual interphase thickness but it also 
includes the region created by the lateral resolution of the indenter geometry. This lateral 
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resolution, therefore, must be defined as the indenter width, IndW . Hodzic et al. [214] described 
such influences in detail considering different cases for the interphase thickness. However, in the 
present study only the relevant case where the interphase thickness exceeds the indenter width, as 
indicated by the larger total thickness of the transition zone, transW , is discussed. Figure 6.9 shows 
a schematic illustration of the geometry of a Berkovich indenter as used in this study and the 
position of the indenter at various stages during the progression of a scratch test. At Position I, 
the indenter tip is moving in the bulk matrix while the leading edge of the indenter touches the 
edge of the interphase for the first time. At Position II, the interaction between the leading edge 
of the indenter and the interphase region causes a gradual decrease in the depth profile though the 
indenter tip is still moving in the matrix region. At Position III, a similar interaction is expected 
between the leading edge of the indenter and the fiber edge but with a much higher slope because 
of the harder edge of the fiber. This can cause slight wearing of the fiber edge generating 
rounding-off as a consistent feature in the depth and the coefficient profiles at the estimated 
interface, as seen in Fig. 6.6. The hard edge of the fiber surface may undergo damage, as 
indicated in Fig. 6.6a, and cause slipping of the leading edge of the indenter rather than 
scratching over its surface. Such effects which are hard to avoid owing to the geometry of the 
indenter may cause inconsistent results. At Position IV, once the indenter tip is completely on the 
fiber surface both the depth profile and the coefficient profile show reduced values. 
Because of the indenter geometry and the penetration depth, one can separate the effective 
interphase thickness, IntW , from the total thickness of the transition zone (Inthard + Intsoft.), transW , 
by using the following equation: 
θtandWW transInt −=         (6.1) 
where d is the scratch penetration depth and θ is the scratch tip angle =76.9°, Fig. 6. 9.  
 
The difference between the total thickness of the interphase, also referred as the transition zone 
(distance between points D-F, Fig. 6.6), and the effective thickness of the interphase is not very 
significant, Fig. 6.7. This observation suggests that there is a minimal influence of the interaction 
between the indenter geometry and the interphase edge. This is because the soft part of the 
interphase region, Intsoft, is unable to resist the movement of the leading edge of the indenter 
when compared to the stiffer response of the hard fiber edge.  
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Figure 6.9. (a) Geometry of the Berkovich indenter tip. (b) Schematic illustration of depth profiles at 
different positions during the progression of a nanoscratch test. ( IndW  is the indenter width, d  is the 
scratch penetration depth, IntW  is the effective interphase thickness, and transW  is the total thickness of the 
transition region) [214].  
 
6.4. Summary 
The complementary experimental approach of using nanoindentation and nanoscratch tests 
proved very successful in investigating the influence of two types of sterilization processes on the 
interphase properties of a carbon fiber reinforced PEEK composite. The nanoindentation tests 
were used to determine the properties of the different micromechanically relevant zones such as 
the bulk PEEK matrix, the interphase region, and the carbon fibers present in the material. The 
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nanoscratch tests revealed more details about the physical and micromechanical changes in the 
interphase region being continuously in contact with the surface. The latter method, hence, 
appeared to be a more sensitive and reliable technique in detecting the interphase properties. The 
continuity in data acquisition obtained from the nanoscratch tests was crucial to analyze the 
gradients in the micromechanical properties within the PEEK matrix. The data reveal that the 
bulk polymer is largely unaffected in terms of the measured parameters by sterilization and only a 
slight modification in the properties of the PEEK matrix occurs at the interphase. This applies in 
particular for the steam sterilization process. 
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7. Identification of failure mechanisms by using scanning electron microscopy 
 
 
In this study, scanning electron microscopy (SEM) has been used to examine fracture surfaces of 
an epoxy resin reinforced with 35 wt% of borosilicate glass fibers in order to identify the possible 
failure mechanisms. The fractographs and lateral surfaces near the fracture helped in resolving 
the different flow behavior and probable failure mechanisms of the studied polymer composite 
material owing to its fiber orientation. 
 
7.1. Introduction 
Numerous studies of tensile, compressive and delamination failure of both, unidirectional and 
cross-ply laminates have been carried out [224-236]. Two distinct features characterize the 
fracture surfaces of unidirectional laminates: the extent of fiber pullout and the fracture marks on 
the broken ends of fibers. The extended lengths of pulled-out fibers are influenced by 
environmental conditions such as temperatures and moisture by reduction in the shear strength of 
the polymer matrix [224]. Some authors have also observed that materials susceptible to moisture 
show debonding at the interface and clean surfaces of the fibers free of any adhered resin [224-
229]. The adhered resin on fiber’s end and its flow direction can indicate the direction of crack 
propagation [225-229]. However, Miller and Wingert [224] concluded, contrary to the above-
mentioned observation that specimen’s fracture is caused by a cumulative effect of series of 
neighboring microstructural fractures. Composite reinforced components generally have a cross-
ply configuration in order to sustain multiaxial loading. In such cross-ply structures, the failure 
mode is not a typical tensile one but is dominated by interlaminar shear failure and edge effects 
[230]. The test environment is also crucial while concluding the failure mechanism of a material 
because the fiber surfaces that are clean in one environment can show some residual matrix resin 
in another [231]. Hence, the conclusion of interfacial failure based only on SEM micrographs of 
fiber surfaces could be misleading. Several authors have identified specific features associated 
with some particular deformation mechanism such as microbuckling and kink band formations 
are due to the compression mode of structure failure [232-233]. Similarly, the most predominant 
features of delamination are ‘hackle’ marks [234] also termed as serrations by Johannesson et al.
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 [235]. Morris [234] first suggested the formation of hackle features due to microcracking of the 
polymer matrix whereas Sinclair and Chamis [236] attributed it to shear yielding. The author 
concluded that the structure of the hackles depends on the local and global stress state at failure 
and suggested that the tilt direction of the hackle platelets provides an indication of the direction 
of crack propagation. Later, Robertson and Robertson [237] referred to these marks using the 
descriptive term of ‘stacked lamellae’. 
More studies [90,188, 238-242] have been performed recently in order to identify the origins and 
micromechanical causes of such intricate composite failure mechanisms and to propose 
technological solutions to improve the resistance against failure. The transverse failure of 
reinforced composites is primarily influenced by the matrix ductility [238-239] and the interphase 
properties between the fibers and the matrix [240]. Although many other studies [241-242] have 
shown fracture surfaces and explained the underlying failure mechanisms, there is still a lack of 
comprehensive studies. Therefore, in this study scanning electron microscopy has been used to 
examine fracture surfaces of an epoxy resin reinforced with 35 wt% of borosilicate glass fibers in 
order to identify the possible failure mechanisms. The fractographs and lateral surfaces near the 
fracture helped in resolving the different flow behavior and probable failure mechanisms of the 
studied polymer composite material owing to its fiber orientation. 
 
7.2. Experimental 
(i) Material and tensile testing 
The fractured samples from of the material investigated in Chapter 5 (Section 5.1.1.) were 
mounted on aluminium holders and sputter coated with 5 nm gold before examining them in a 
Zeiss Gemini 1540 XB scanning electron microscope. The description of the microstructure of 
the material is described in the Chapter 5 (Section 5.1.1.).  
Three different sets of tensile test specimens were cut from the sheet material with their 
longitudinal axis oriented at 0°, 90° and 45° angle with respect to the orientation of the glass 
fibers. The specimen geometry and the coordinate system used for the identification of 
mechanical properties are shown in Fig. 7.1.  
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Figure 7.1. Schematic diagram of a tensile test specimen showing (a) the geometry and dimensions and 
(b) the nomenclature defined for the different surfaces. 
 
7.3. Results and discussion 
(i) Global tensile stress-strain behavior 
The detailed description of the global tensile stress-strain behavior is described in Chapter 5 
(Section 5.1.2). The change in the fiber orientation from 0°/90° to ±45° with respect to the tensile 
axis showed a significant drop in tensile strength and increased ductility of the material. The 
material exhibited about 50% decrease in failure strength about and 92% increase in failure 
strain. This difference shows that the axial tensile strength is very sensitive to the fiber alignment 
to the external load [188].The influence of the fiber orientation on the mechanical properties is 
summarized in Table 5.2. 
 
(ii) Fractography 
(a) Fiber orientation of ± 45° 
The top view of the specimen with a fiber orientation of ± 45° (Fig. 7.2a) near to the fracture 
surface shows that the failure occurred at multiple superimposed, 45° angled planes. The 
formation of multiple cup and cone fractures shows different failure mechanisms at the lateral 
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edges and in the middle. The presence of shear lips at the edges indicates that the upper layer is 
peeled off due to debonding between different layers. The formation of conical structures in the 
middle gives evidence of damage accumulation in the center of the specimen by micro-void 
coalescence leading to crack formation in the centre. However, no damage signs are found on the 
surface, which is presented in surface strain mappings performed  using digital image correlation 
in Chapter 5, Section 5.1.2. The crack formation on the edges at ± 45° plane can be clearly 
observed. It seems that debonding between the layers at the edges is enhanced by the microcracks 
developed at the edges during machining of the test specimens. Crossman et al. [230] reported a 
similar observation. At the same time in the middle part micro-voids formed by debonding and 
micro-cracks formed by shear loading can be seen [229]. The micro-cracks in the polymer matrix 
merge leading to the formation of bigger cracks. The other conical structures follow a similar 
mechanism, the one that propagates faster leads to the abrupt failure of the structure. Figure 7.2b 
shows the formation of the crack at 45° i.e. parallel to fiber orientation of the upper layer. The 
crack opening located at the top of the micrograph indicates bending of the fibers towards the 
middle of the sample. In this case, the fibers show resistance to the flow of the polymer matrix, 
hence minimizing the necking behavior generally displayed by neat polymeric materials. This 
resistance of the polymer matrix to flow and the bending of the fibers towards the middle make 
the brittle fibers suffer multiple fractures, which can be clearly observed in Fig. 7.2b. These 
multiple crack openings are probably caused by widening of the fiber endings which can 
contribute to the formation of micro-voids and subsequently of bigger cracks. Takeda et al. [242] 
reported similar behavior of crack propagation from the top of a fiber bundle towards the middle 
due to fiber breakage. 
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Figure 7.2. SEM micrographs showing the top surface of a sample with a fiber orientation of ± 45°. The 
(a) top view with multiple °± 45 angled fracture planes (b) formation of a crack and multiple fiber 
breakages.  
 
Figure 7.3 shows a close-up of the lateral edges of the sample with a fiber orientation of ± 45°. In 
the left edge surface the fibers oriented at -45° have very smooth and clean surfaces (Fig. 7.3a), 
whereas the ones oriented at +45° (Fig. 7.3b) present rough surfaces. The adherence of a part of 
the polymer matrix to the fiber surfaces shows that work was done by fibers oriented at +45°. 
This behavior can be explained as an artifact generated during the machining of the sample. A 
possible damage of the left edge (-45°) could have caused some micro-cracks which would lead 
to an easy debonding process hence the smooth and clean fiber surfaces. Figures 7.3c and 7.3d 
show a detailed view of the same top left fracture edge displaying bended fibers towards the 
middle of the sample and widening of cracks towards the edges. The plastic flow of the polymer 
matrix in the cracks forms stacked lamellae which is in good agreement with observations made 
by other groups [234-236]. A closer look at the flow direction of the stacked lamellae (see Fig. 
7.3d) shows the flow direction of the polymer matrix indicating the direction of the crack 
formation. The delamination process has taken place on the right side of the fibers whereas the 
left side is still adhered to the polymer matrix. When fibers are oriented at -45° with respect to 
the tensile axis, the matrix flow takes place at +45° i.e. normal to the fiber axis which is also the 
maximum shear loading direction. Hence, the matrix on the left side of the fiber interface will be 
under compression and on the right side under tension, which explains why the left side of the 
fibers has some matrix adhered to them and the right side has none. Fig. 7.3e shows a lateral view 
of the right edge i.e. fiber orientation + 45°. The large area presents impressions of delaminated 
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fibers and peeling-off of the upper layer, both supporting the edge effect. At higher 
magnifications (Fig. 7.3f), the debonding process can be confirmed because of the poor 
adherence between fibers and the polymer matrix. Fig. 7.3f also shows the coalescence of the 
micro-voids along the fiber length and the plastic flow direction of the polymer matrix can be 
clearly seen. The stacked lamellae are a feature occurring constantly throughout the whole 
sample but they are only formed by the polymer matrix when it is located between two fibers but 
not when it is under them. Another contributing factor towards the formation of stacked lamellae 
could be the non-uniform adherence between the glass fibers and the polymer matrix.  
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Figure 7.3. SEM micrographs of the lateral edge of a sample with a fiber orientation of ± 45°. (a) The left 
top edge shows the clean and smooth surfaces of the fibers oriented at -45°. (b) The right top edge shows 
the rough surfaces of the fibers oriented at +45°. (c-d) The detailed view of the left top edge (-45°) 
displaying the flow direction of the polymer matrix, formation of stacked lamellae and shear loading 
direction. (e-f) The detailed view of the right top edge (+45°) indicating debonding process at the 
interface between the glass fibers and the polymer matrix and plastic flow of the polymer matrix.  
 
The top view of the middle portion of the sample having the fiber orientation of ± 45° (Fig. 7.4) 
shows the consistent roughness of the fiber surfaces in all directions indicating a different failure 
mechanism in the middle portion than at the edges of the sample (Fig. 7.2a). The formation of 
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cup and cone structure and the systematic roughness of all the fibers and matrix suggest that the 
applied load is shared equally between the fibers and the polymer matrix. Uneven lengths of the 
broken fibers in a bundle indicate multiple fractures or pulling-out of the fibers at their ends. The 
impressions of delaminated fibers and the matrix flow towards the middle of the sample (Fig. 
7.4b) indicate the accumulation of the damage in the middle hence crack propagation direction.  
 
 
Figure 7.4. SEM micrographs of the middle portion of a sample with fiber orientation of ± 45° (a) 
detailed view of cup-cone structure indicating systematic roughness of the fiber surfaces (b) further 
magnified view of the base of one of the cup-cone structure indicating the delamination impressions and 
the matrix flow direction.  
 
The fiber orientation of ± 45° makes the microstructure of the material quite homogeneous (Fig. 
7.5). The systematical roughness of the fibers’ surface and the polymer matrix show that the 
applied tensile load was shared between the fibers and the polymer matrix. This explains the 
increasing ductility of the sample and its decreasing strength. The recessed areas are pockets 
formed by the pulling out of fiber bundles. The deeper pockets formed at the lateral edge of the 
sample is by the complete pulling-out of whole fiber bundles (Fig. 7.5b) which is possibly the 
influence of the free lateral edges.  
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Figure 7.5. SEM micrographs of the fracture surfaces of a sample with fiber orientation of ± 45°. (a) 
Uneven topography of the fracture surface with recessed areas formed by the pullout of fiber bundles (b) 
the lateral edge of the fracture surface displaying deep pockets formed by the complete pulling-out of fiber 
bundles near the lateral edges due to the edge effect.  
 
(b) Fiber orientation of 0°/90° 
A top view on the fracture edge of a specimen with a 0°/90° fiber orientation (Fig. 7.6a) shows 
the straight fracture edge with pulling-out of the transverse fibers. The fracture behavior is similar 
throughout the sample cross-section and no edge effect is observed. The cracks in the transverse 
direction of the polymer matrix (Fig. 7.6b) indicate that during pulling-out of the longitudinal 
fiber bundles, the upper layer of transverse bundles along with the matrix was also pulled-out. 
The cracks were observed only near the edges of the transversely arranged fiber bundles. This 
suggests that the transverse failure is more common where large amount of the polymer matrix is 
present which is at the edges than in the middle of fiber bundles.  
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Figure 7.6. SEM micrographs showing the top surface of the sample with the fiber orientation of 0°/90° 
(a) top view shows a straight edge with transverse failures of the fibers (b) formation of a transverse 
cracks near the edge of transversely arranged fiber bundle.  
 
Figure 7.7a presents the fracture surface of the sample with a fiber orientation of 0°/90°. The 
deep pockets formed by the pullout of the bunch of fibers can be clearly seen, which confirms the 
debonding of the fiber-polymer matrix interface. The damage in the matrix originates from a 
combination of the test speed and the interfacial bond strength. The pullout of complete bundles 
of fibers shows that at this loading rate, the fiber-matrix interfacial bond strength was exceeded 
before the tensile failure strength of the composite was attained [189]. The smooth surfaces of the 
polymer matrix show no signs of plastic flow. Figure 7.7b offers a detailed view of the sample 
with a fiber orientation of 0°/90°. The rough surfaces of the pulled-out fibers and the smooth 
surfaces of the transverse fibers suggest that the applied load was absorbed by the fibers parallel 
to the tensile load axis.  
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Figure 7.7. SEM micrographs of the fracture surface of a sample with the fiber orientation of 0°/90°. The 
(a) fracture surface displays bundles of fibers pulled-out of the matrix they were embedded in and (b) 
detailed view of the fracture surface showing the rough surfaces of the pulled-out fibers. 
 
7.4. Summary 
High-resolution microscopy employed in this study proved an excellent technique to characterize 
the mechanical behavior of the glass fiber reinforced epoxy composite. The detailed visualization 
of the fracture surfaces were correlated with the underlying microstructure of the material and the 
different failure mechanisms were identified. The influence of different fiber orientations is 
significant in determining the overall mechanical behavior as well as the mesoscale failure of the 
microstructure.  The test specimens with the fiber orientation at ±45° showed very homogenous 
microstructure compared with the test specimen with fiber orientation at 0°/90°. The rough 
surfaces of the fibers oriented at ±45° and the polymer matrix indicated sharing of the applied 
load among the reinforced fibers and the polymer matrix.  The clean surfaces of the transversally 
oriented fibers (90° to the tensile axis) showed transverse failures. The other distinct features of 
the fracture surfaces revealed the different failure mechanisms such as the delamination between 
the fiber/matrix interface, the pulling-out of single as well as the complete fiber bundle, the 
multiple fiber breakages, the plastic flow of the matrix indicating the damage accumulation and 
the crack propagation. The results emphasize a significant role of fiber orientations and artifacts 
generated during machining of a final product in governing the overall performance of composite 
materials. Further comprehensive studies of commercially available reinforced polymers could 
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play a significant role not only in the development of technologically innovative designs but also 
in finding suitable applications for composite materials. 
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8. General conclusions and recommendations for future work 
 
 
8.1. Polymer crystallization 
8.1.1. Mesoscale simulation of the kinetics and topology of spherulite growth during 
crystallization of isotactic polypropylene (iPP) by using a cellular automaton model 
A 3D cellular automaton model with a Monte Carlo switching rule is critically evaluated with 
respect to its capability of reproducing spherulite growth in polymers using polypropylene as a 
material under various boundary conditions. The automaton is discrete in time and real space. 
The switching probability of the cells is formulated according to the kinetic theory of Hoffman 
and Lauritzen. It is scaled by the ratio of the local and the maximum interface energies, the local 
and maximum occurring Gibbs free energy of transformation, the local and maximum occurring 
temperature, and by the spacing of the lattice points. The use of experimental input data for 
polypropylene and the subsequent comparison with experimentally obtained results allowed us to 
conduct a quantitative validation of the model. The good agreement between simulated and 
experimental results showed that the model is capable of correctly reproducing 3D Avrami-type 
kinetics for instantaneous homogenous nucleation conditions under isothermal quiescent 
conditions and even under weak shears. Besides these basic validation issues the study aimed to 
document that the main advantage of the new model is that it can offer more microstructure 
details than Avrami-type approximations which are typically used in this field. In particular, the 
new cellular automaton method can tackle the heterogeneity of internal and external boundary 
and starting conditions which is not possible in the case of Avrami-models.  
8.2. Micromechanical behavior of polymer composites 
The micromechanical behavior of various commercially produced polymer composites has been 
studied. The methodical approach allowed to conduct a detailed investigation of the complex 
micromechanical aspects associated with the lateral distribution of the strain in heterogeneous 
polymer composite materials. 
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8.2.1. Influence of fiber orientation on global mechanical behavior and strain localization in 
a short glass-fiber-reinforced epoxy polymer composite during tensile deformation 
investigated using digital image correlation 
The anisotropic mechanical behavior of the composite material and the multiple failure 
mechanisms identified by fractography showed strong influence of the fiber orientations. The 
simultaneous whole-field strain measurement showed a strong correlation between the 
distribution of applied deformation at mesoscale and the microstructure of the material. The high 
data point density and graphical display of the results lead to a better understanding of the 
material behavior. The underlying microstructure of the material explained the formation of strain 
gradients during evolution of full-field strain fields. For instance the formation of localized high 
strain bands in the material with fiber orientation at 0°/90° and the global homogeneity of the 
distribution of the accumulated strains in the material with the fiber orientation at ± 45° at lower 
applied loads. The levels of localized strain are higher than the global failure strain of the 
material which demonstrates the opportunity for improvement in the performance of the material 
by optimizing the fiber orientation to external applied loads.  
 
8.2.2. Influence of fiber orientation on the microscopic strain localization in a short glass-
fiber-reinforced epoxy composite using digital image correlation coupled with in-situ 
tensile testing conducted in scanning electron microscopy  
The presented novel experimental approach proved to be an excellent method for mapping the 
strain accumulation in non-conductive materials such as a polymer matrix with reinforcing glass 
fibers. The qualitative analysis of the displacement field maps revealed preferred regions 
deforming plastically which are correlated to the microstructure of the material. These regions 
were characterized by the large amount of matrix present between the fibers. The displacement 
field maps showed clear evidence of the resolution of the applied force by inducing shear flow in 
the material having with the fiber orientation at ± 45°. The quantitative analysis showed a large 
difference between the localized microstrain and the average applied strain occurring at the 
interphase regions surrounding the fibers.  
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8.2.3. Influence of the wood fiber contents and the additives on global mechanical behavior 
and strain localization in a wood-fiber-reinforced polypropylene polymer composite 
during tensile deformation investigated using digital image correlation  
The structural integrity of wood-polypropylene composites is studied in terms of changes in the 
physio-mechanical response by systematic variation of the different constituents which are wood, 
polypropylene (PP), coupling agent, starch as biopolymer, and inorganic fillers. The overall 
stress-strain behavior of the materials and the distribution of the applied load documented by 
microstrain mapping both reflected the effects of varying constituents.  
The decreased amount of polypropylene significantly reduced ductility but substantially 
increased strength and elastic modulus of the material. The influences of the acetylation process 
of wood and adding a coupling agent are reflected by the simultaneous changes in mechanical 
strength and failure strains. At the mesoscale, the local strain patterns were found to be 
heterogeneous and corresponded well to the underlying microstructure of the material. The 
quantitative analysis of localized accumulated strain revealed the critical details of the 
microstructure behavior. The defined values of Critical-failure-strain-ratio and localized-
microstructral-damage-growth-strain suggested that contents of different phases alter the 
microstructure of a material significantly at mesoscale. 
 
8.2.4. Influence of sterilization processes on strain localization in a carbon-fiber-reinforced 
polyether(ether)ketone composite during tensile deformation investigated using 
digital image correlation 
The influence of steam and gamma irradiation sterilization on the overall mechanical 
performance and mesoscale strain distribution in a tensile tested injection moulded short carbon-
fiber-reinforced polyether(ether)ketone (CF/PEEK) polymer composite, intended for medical 
implantable devices, is investigated.  
Both sterilization processes showed only marginal effects on the overall tensile stress-strain and 
on the strain localization behavior of the material and these effects were shown to be fiber 
orientation related. Steam sterilization has a greater effect on the mechanical response than 
gamma radiation, leading to a slight increase in tensile strength and a slight reduction in 
elongation at break, which is assumed to be related to heating close to the glass transition 
temperature of the material. At the mesoscale, the local strain patterns were found to be 
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heterogeneous and corresponded well to the underlying microstructure of the material. The 
formation of high and low strain rate domains and their number and orientation are related to the 
underlying fiber orientation. The occasional sudden rise in the values of localized strain indicated 
by the quantitative analysis is possibly due to the localized modification induced in the 
microstructure. Such modified regions undergo large deformations and potentially act as 
nucleation sites for crack growth which eventually leads to structural failure. 
 
8.2.5. The influence of sterilization processes on the micromechanical properties of a 
carbon-fiber-reinforced polyether(ether)ketone polymer composite investigated by 
using nanoindentation  
The complementary experimental approach of using nanoindentation and nanoscratch tests 
proved very successful in investigating the influence of two types of sterilization processes on the 
interphase properties of carbon-fiber-reinforced polyether(ether)ketone (CF/PEEK) composite. 
The nanoindentation tests detected the properties of the different micromechanically relevant 
zones which are the bulk PEEK matrix, the interphase region, and the carbon fibers present in the 
material. The nanoscratch tests revealed more details about the physical micromechanical 
changes in interphase region being continuously in contact with the surface. It appeared to be a 
more sensitive and reliable technique for detecting the interphase properties. The continuous sets 
of data obtained from the nanoscratch tests were crucial to analyze the gradients in the 
micromechanical properties within the PEEK matrix. The data reveal that the bulk polymer is 
largely unaffected in terms of the measured parameters by sterilization and only a slight 
modification in the properties of the PEEK matrix occurs at the interphase. This applies in 
particular for the steam sterilization process. 
 
8.2.6. Identification of failure mechanisms through surface characterization of a short glass-
fiber-reinforced epoxy polymer composite using scanning electron microscopy  
The scanning electron microscopy employed in this study proved to be an excellent technique to 
characterize the mechanical behavior of the glass fiber reinforced epoxy composite. The detailed 
visualizations of the fracture surfaces were correlated with the underlying microstructure of the 
material and the different failure mechanisms were identified. The influence of different fiber 
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orientations is significant in determining the overall mechanical behavior as well as the 
mesoscale failure of the microstructure. The test specimens with the fiber orientation at ± 45° 
showed a very homogenous microstructure compared to the test specimen with the fiber 
orientation at 0°/90°. The rough surfaces of the fibers oriented at ± 45° and the polymer matrix 
indicated sharing of the applied load among the reinforced fibers and the polymer matrix. The 
clean surfaces of the transversally oriented fibers (90° to the tensile axis) showed transverse 
failures. The other distinct features of the fracture surfaces revealed the different failure 
mechanisms such as delamination between the fiber/matrix interface, pulling-out of single as well 
as the complete fiber bundle, multiple fiber breakages, plastic flow of the matrix indicating the 
damage accumulation and the crack propagation. The results emphasize a significant role of fiber 
orientations and artifacts generated during machining of the final product in governing the overall 
performance of composite materials.  
 
8.3. Recommendations for future work  
Further comprehensive studies of commercially utilized polymers and reinforced polymers could 
play a significant role not only in the development of complex structural designs but also in 
finding suitable applications for these materials. Based on the work presented in this thesis, a few 
suggestions are given hereafter for future work. 
• The presented new automaton approach can be coupled to forming and processing models 
making use of local rather than only global boundary conditions. For instance, it can 
predict intricate spherulite topologies, spherulite size distributions, kinetic details, and 
crystallographic textures under homogeneous or heterogeneous external or internal 
boundary conditions.  
• There are many studies which have utilized similar approaches of surface mapping to 
resolve the lateral heterogeneous strain pattering via surface strain mapping and have 
characterized the structural integrity of different isotropic as well and anisotropic 
materials. However, it is not utilized to its full potential for polymer composites, 
especially at high resolution (micron level) because of the resolution limitations of the 
conventional optical setup. DIC provides a direct and strong experimental support to the 
heterogeneous behaviors of reinforced polymer composites therefore the application of 
high resolution DIC technique in this research is unique and valuable. Further 
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development of the mapping techniques at higher resolutions for non-conducting surfaces 
could play a very significant role in defining critical micromechanical parameters of these 
materials. 
• The strong influence of fiber orientation on the overall mechanical performance of a 
material and the distribution of the applied deformation necessitate better understanding 
of their micromechanical behavior. This can be achieved by the systematic sample 
preparation such as the unidirectional long-fiber-reinforced composite and testing 
systematically by varying the angle of the reinforcing fibers with respect to the tensile 
axis using similar DIC approach at higher resolution. Theoretically, such investigations 
are expected to show strain localization along the interface/interphase between the 
reinforced fibers and the matrix. Ultimately, one can calculate the interfacial shear 
strength of the material. The influences of various factors governing the global and the 
micromechanical behavior of a material like (i) the influences of different kind of fiber 
chemical coatings (sizing), (ii) the influences of introduction of rubbery interface which is 
expected to facilitate the strain transfer and increasing global strain of the material, (iii) 
the influences of thermal treatments, and (iv) the environmental ageing phenomenon all 
can be investigated.  
• Experimental results obtained by surface strain mapping can be directly compared to 
finite element analysis models for verification and updating. 
• Complimentary approach of nanoscratch and nanoindentation tests can be utilized for 
other polymer composite materials. 
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